MICROSTRUCTURE AND
| MECHANICAL PROPERTIES OF |
LOW CARBON LOW ALLOY MARTENSITE

A THESIS
submitted in fulfiiment of the requirements
for the award of the degree '
of
DOCTOR OF PHILOSOPHY
in’
METALLURGICAL ENGINEERING

, by
ARUN KUMAR PATWARDHAN

DEPARTMENT OF METALLURGICAL ENGINEERING
UNIVERSITY OF ROORKEE
ROORKEE-247672 INDIA

JULY, 1979



TO
THE ALMIGHTY

Lord:

Ganesh

Shanidev

Sai Baba of Shirdi

Venkateswara of
Tirupati



TO
THE REVERED MEMORY
oF
MY FATHER

AND

T0
THE CONSTANT INSPIRATION

or
MY MOTHER



CERTIFICATE

. Y G g S e

This is to certify that the thesis entitled
MICROSTRUC TURE AND MECHANICAL PROPERTIES OF LOW CARBON
LOW ALLOY MARTENSITE being submitted bv Mr.A.K.Patwnrdhan

PAPLRS PUB;ISHED/HCCEPTE.) FOR PUBLICATION BASED ON ‘PART
- QF-THE. RESULTS REPORTED IN THE THESIS )

l. Trans, Iron and Steel Instt, of Japan; 16, 297 (1956).
2. Scripta Metallurgica;-—10, 677 (1976).

3., 'Structural studies in Some Extra Low-Carbon Manganegc =
S5ilicon and Manganese =Silicon « Niobium High Strength
Steels' -

To appear in Archieves fur das Eisenheutenwesen in 1979,

Ceriified toni 1 & Tlesis/
Dissertation kos Lo- . ¢ Tur the
awatd  of T o " or  of
Paloso,. - 7 B oorg
RO - . . . .13
No. Ex/.pg2../3=50 L a2z «l

(Lxam.)




ACKNOWLEDGEMENT .

I am indebted to Dr. M.L.Mehta, Professor gnd Head
of the Department of Metallurgical Engineering, University
-of Roorkee, for his continued interest, supervision and for

useful suggestions during the course of this investigation.
I am extrepely thankful to :

- Prof. G.W.Greenwood, Department of Metallurgy,
University of Sheffield (U.K.) for providing
laboratory facilities, Dr. J.A;Whiteman of the
sgme department for useful discussions and
Association of'Commonwealth Universitieg, London

for financial support.

- Prof, M.N,Saxena for interest in the early stages
- of the work. |

~ Dr, V.G.Paranjpe Ex-Director, R and D, TISCO,
Jamshedpur for helping with melts and for critical
suggestions,

~ Dr, M.,K,Asundi, Head Physical Metallurgy Seection
of the Metallurgy Division, BARC, Bombay, for
providing facilities for testing and electron

- microscopy.

- M/S Bombay Forge and Bharat Forge for providing

forging facilities.



iii

- Prof, P.K.Bao and Prof, X .M,Pai of the Met. Engg.

Deptt. I.I,T., Bombay for providing laboratory

facilities including ESR.,

I wish to record my sincerest thanks to Dr.M.L.Kapoor,
| Professor'Metallurgical Engineering Departmept, Dr.R.K.Sinhg
and Dr.S.Ray for helpful discussions, Mr.V.N,S.Mathur for
suggesting mocifications and for helping in the correction
work and Mr.R.P.Ram for critical suggestions and help.
Encourggement and help from my colleagues, Pr.D.B.Goel
and Dr.Satya Prakash is greatly appreciated.

The help rendered by Mr,Imran Ahmed, Mr.S3.K.Seth,
. Mr,S.P.Kush, Mr.S.S.Gupta, Mr.R.P,Gupts and Mr.M.C.Vaish
is g;egtfully(acknowledged. Thanks are also due to
: Mr.tﬁK.Mishra,'who typed the mgnuscript.

A.X.PATWARDHAN



SYNOPRPSIS

A critical survey of the literature.on low alloy
ﬁhigh strength (LAHS) steels revealed that they are most
usefully employed in the proof strength range of |
775—850 MN/m2 whereever é combingtion of high strength |
cdupied with good ambient -~ teﬁperature‘and subfzero '

- temperature toughness is an essential reqﬁirement; |
Steels which.ngrmally cater to this range of proof
‘strength are,(a) aircooled bainitié steels_and; (1p)

, qﬁenchéd and tempered (Q and T),steelS'alloyed with Ni;"
Cr, Mo, V and Mn. Aﬁsformed'stéelé which could also be
"employed have beén excluded sinée ausforming is coqfined
only to those steels having transformation characteristicé'
leading to 'bay' formation. The main drawback with the
bainitic steels is.that the stipulated level of toughness
may not be attained because of the formation of unihﬁendéd
microconstituents such as (i) elongated earbides sufﬁound-:
ing the bainitic ferrite regions end, (ii) the austenite-
martensitev(A~M) éonstituent..'Although the toughness |
can be improved upon by tempering, the effective proof
strength is loﬁered to ~+700 MN/mZ. The ﬁajor problem -
with the Q and T steels ig the neéeséity.of making ad just-
vmenté in the composition for toughening‘thé ferrite matrix
‘and for eliminating temper-embrittlement. Further, the

difficulty in,exérciSing control over carbide size; Shépe



and distribution can lead to an unexpected deterioration

in the ambient and sub-zero temperature toughness.

There is thus a definite scope to exploré the
possibility of developing high strength steels in the
proof strength range of 775-850 MN/m2 in which the stipu-
lated levels of ductility and particularly -the toughness
can be unfailingly attained. This forms the mainlfheme
of the present investigation. The alternative approach
suggested to achieve the objective is based on the uti-
lization of extra low-carbon lath (martensite) structure.
Fundamentally,’the investigation ﬁas oarfied out in two
distinct.stages : (a) experimentation with the‘sole purpose |
of designing an air-hardening_base composition and, (b)
| assessment of the mechanical properties that would result
when airhardening steels are subjected to control-hot
forming (rolling and forging). Emphasis was laid on
attaining high strength in combingtion with appropriate
levels of ductility and toughness. Experimental techniques,

felevant to the requirements, werc employed.

On the basis of the information available in the

~ literature, the effect of carbon content and alloying
elements.on the parameters of design interest particularly
hardenability, strength, ductility and toughness was
evaluated. A critical analysis of this data served as

the basis for postulating a large number of manganese
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bearing alloy systems which were likely to prove useful

in designing new high strength éteels. One such system,
Fe-Mn-Si, was investigated by employing vacuum induction
melts, in the composition range C = 0.01 to 0.03%,

Mn =~2 to 5%, Si = ~1 to 2.6%. Manganese promotes

‘the formation of lath structure at a moderate cost and.
also improves low temperature toughness. Silicon ﬁas
chosen since it delays the breakdown of martensite and .
raises the temperature of breakdown, reduces volume'changes
associated with the o to Y and reverse transformastions,
Further, it decreases the absorption of electrolytic .
hydrogen in low carbon steels, does not adversely affect
the toughness even when present in amounts % 0.3 %'provided
the nitrogen content is low and reduces the lattice para~

meter of ferrite thereby giving additional strengthening.

During the initiai part of the study, the steels
investigated were in the form of hot~swaged bars. Sub-
jecting them to different heat treatments revealed that
in most cases the microstructure observed was lath-like
in nature although other microstructures namely high-
dislocation-density-ferrite, polygonal-ferrite and an
aggregate congisting of ﬁolygohal ferrite gnd lath consti-
tuent were also observed, A correlation between the. |
microstructures and the resulting mechanical properties

was qualitatively established. Two compositional
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extrémitigs for obtaining latﬁ strﬁcture existed at
0;03% carbon level., The first, having a composition
Fe-2,6% Mn~1,0% Si, yielded lath structure only on
quénching from temperatures upwards of 900°C ana
exhibited proof strength in excess of 900 MN/m° ahd»
gobd toughnesé even at - 70°C in 1000°C water-quenched
(WQ) condition., The othef; having a composition Fe~5%
Mn - 1,5% 8i, yielded lath structure on annealing or f
quenching from 800°C upwards. When identiecally heat~
treated_as the previoﬁs alloy, it had a prbof strength
~ 1000 MN/m® and good toughness down to - 18°C. The
room temperature ductility vé}ues of the two-ailojs‘
‘were in excess of 20%. Other cdmﬁosffions"iﬁvésfigétéd
revealed that although the general mechanical propéftfes
were exceedingly good, their toughneés precluded their

general applications.

A'frdm the point of view of using minimal alloying
eleménts; the composition Fe-2.6 Mn~1l.08i was promising.
It was rendered air-hardening by altering its manganese
;éontent to arrive 2t a base composition Fe-=3.7Mn~1.08i.
This was investigated at 0.022% and 0.055% carbon levels
without and with ~ 0,045% Nb in the as-rolled (p{l7 mm
dia) conditidn. The first of the two carbon levels
ensured that the precipitated carbides ﬁere ai a minimum,

' The second level was chosen with a view to develop the
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composition from carbon steels, Niobium was preferred
since it acits as a grain refiner and also supresses the
formation of polygonal ferrite. In %erms of mechanical
properties, the best results in the control-rolled condi-
tion were obtained with the composition containing
0.022% C and 0.042% Nb,which exhibited 2 proof strength
- 780 MN/mz, UTS of ~900 MN/m2, percent elongation value
.¢¢27%. The overall toughness was exceedingly high, the
ambient température toughness being in eicess of 2703
and impact transition teﬁperature (ITT), based on 54J
(40ft—lﬁs),around - 90°¢c, Radsing the carbon content

to 0.055% resulted in an incregse in strength and a
deterioration inftoughness e.g. the 0.055%'0, 0.042%_Nb
alloy exhibited PS ~ 930 MN/m°, tm‘s - a~1090 MN/mz, |
USE ~170J and ITT of ~30°C. The studies in the as-~
“rolled condition thus-provided information on the range
of mechanical properties that can be achieved from the

base composition Fe-~3.7% Mn ~1.0%Si.

A_modificétion of the aforesaid airhardening base

- composition and containing Fe-4%‘Mn-O.4%Si—O.4% Mo-0.074%
Nb-0.03%C was air induction melted and investigated as
before in the as~forged (lg’mm square) condition,
Molybdenum aﬁditions are useful in (a) eliminating harm—
ful effects gssociated with grain boundary precipitation

and segregation and therefore, can suitably counteract
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the likely adverse effect on toughness if carbon content
were to exceed the critical limit&%0:06%) and, (b) reduc-
ing volume changes associgted with the a to vy and
reverse transformgtions. The results obtained reveal

that (2) the minimum value of the ambient temperature
toughﬁess in the control-forged condition is comparable

to that obtained in fdrging quality hiéh strength steels
only after nbrmalizing, normalizing and tempering (N and
T) or N and T + Q and T heat treatments, (b) toughness of
the stock, forged with intermediate reheating was»much
lower in comparison to that_obtained.on control forging
but improved, on normalizing from 85000, to a value com- |
parable to that obtained on gontxol forging. These obsef-
vations, which reveal the strong ¢ependengé of the ambient‘
temperature toughness on graiﬁ size, are of considerablé
theoreticél and practical interest., The UTS and ductility
were indepéndent of the forzing schedulg, "the levels

obtained being 900-950 MN/m2 and 20% respectively.

The lath structures obtained in the present study
can be classified into two groups, (i) having hardness
in the range of ~250 to 300 HVBO and, (ii) hgving hard-~

ness in the range of ~300 to~370 HV Lath structures

30’ ,
obgerved in the Fe-Mn, Fe-Ni and Fe-Ni~Co-Mo~Ti systems
conform to the former. On the basis of (i) the results
obtained so far and, (ii) the data available in the

literature, a couprehensive model for the strengthening



ix

the likely adverse effect on toughness if carbon content
were to exceed the critical limit{(~0:06%) and, {b) reduc-
ing volume changes agssociagted with the o t0 y and |
reverse transformations, The results obtained reveal

that (2) the minimum value of the ambient demperature
toughhess in the control-forged condition is comparable

to that obtained in fdrging quality high strength steels
only after normalizing, normalizing and tempering (N and
T) or N and T + Q and T heat treatments, (b) toughness of
the stock, forged with intermediate reheating was much
lower in comparison to that obtained on control forging
but improved, on normalizing from 85000, to a value com- |
parable to that obtained on control forging. These obsef-
vations, which reveal the strong dependenge of the ambient.
temperature toughness on graiﬁ size, are of considerable
theoreticél and practical interest. The UTS and ductility
were independsnht of the forgZing schedulgs, the levels

obtained being 900-950 MN/m® and 20% respectively.

The lath structures obtalned in +the present study
can be 013551f1ed into two groups, (i) having hardness
in,the range of ~250 to /300 HVBO and, (ii) having hard-

ness in the range of ~300 to,~370 HV Lath structures

307 ,
obgerved in the Fe-Mn, Fe~-Ni gand Fe-Ni-Co-Mo=Ti systemg
conform to the former. On the basis of (i) the results
~obtained so far and, (ii) the data available in the

literature, a comprehengive model for the strengthening



in alloys based on lath struéture was put forwafd. While
doing so, .due consideration was given to the sub=-structural

features congtituting the lath structure,

- In order to investigate the factoré regpongible for
additiongl strengthening in the latter type of 1ath.
structures mentioned above, a detailed structural exami~
nation of the different alloys‘was carried gut by X=~ray
.diffraction using the Debye~Scherrer method. The results
obtained revealed that although in most cases the struc~
ture was single phase ai (bccf, in some instances it con=~
sisted of a' (bcc) + retained y (fee) and at (beec) + M23C6
(sc). However, ance, a diamond cubic structure (dc) was
also Oobserved. These results, which did not provide a
direct clue to the reasons for the additional strengthen-
ing in the latter type of the lath structures, none the
less proved ugeful in arriving at a better understanding
of the strgcture—prOperty aspect of gteels bgsed on lath

gtructures.

The present investigation has thus revealed that
by utilizing lath structures formed in Ee~Mn~Si, Fe-Mn~Si-
Db and‘Ee-Mn—SiéMo—Nb gsystems, over the composition range
already specified, proof strength in the range of T80~
1080 MN/m?, UTS in the range of ~900 0 ~ 1150 MN/mZ,
percentage elongation values ~20% can be easily attained,

Although the extra low=carbon lath structure is intrinsi-
cally +tough, the gmbient temperature and sub=—zero tempera=
ture toughness would depend upon the heat-treatment and
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the hot forming schedules employed. From the point of
view of employing minimal yet optimum amount of alloy-

ing elements, the useful proof strength attainable from

lath structures appears to be 800-850 MN/mZ,



PREF ACE

The first chapter deals with the existing low
allby high strength steels out of which those, reljing
on precipitation hardening and bainite microstructure
for their properties, were chosen for further discussion.
For such steels, the properties most usefully lie in the
; range of 775-850 MN/m2 with adequate toughness at ambient
~and subzero temperatures. The_limitations of thése steels

‘were highlighted.

The second‘chapter'is a critical assessméntAof‘the
fundamental - parameters invoi?ed in developing strong
and tough steels %0 evaiuate'if it is possible to evoive
an alternatlve approach overcoming the llmltatlons of
the balnltlc and precipitation strengthened steels.

From such a discussion it emerged that utilization of
. low éarbon martensites may lead to the attainment of

véry useful mechanical properties.

Based on considerationé, discussed in chapter~I1I
an alternative approach to developing new steels ié
outlined in chapter 3 which led t§ the plaming of new
| very low Carboh alloys containing low cost elements
- manganese and silicpn in place of the conventionally

employed nickel etc.
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Thc experimcntal techniques and procedures outlinéd
in Chapter~III involved the examination of %ery low carbon
‘Fe-Mn—Si, Fe~Mn~Si=-Nb and Fe-Mn-Si-Mo-~Nb ailoys over a
composition range C ; O;Ol to 0,055, Mn = 1.8 to 5%,8i=0.4
to 2.6%, Mo = 0,4%, b = 0,04% and 0,07% with a view to
establish an gir-hgrdening basc composition containing é
ninimum of alloying clements. Different_alloys wer:
examined in detail by mechanical testiﬁg, dilgtome try,
X-ray diffraction and optical microscopy and to a limited
extent by replication, thin foil and scanning electron

microcopy.

Experimental results and the analysis of the exist-

ing data has been spread out over four chaptefs.

The fifth chapter deals with the. transformation
behaviour and mechagnical properties of extra low carbon
Mn~Si steels in the heat~treated condition. This part of
the gtudy was undertaken primgrily with a view to obtain
clues for developing an airwhardening composition contain-

ing g minimum of alldying elements,

The sixth chapter deals in section 'A' with the
effect of controlled mechanical working (rolling) on pro-
perties of Fe-Mn-Si and.FeuMn~Si-Nb air~hardening steels
at two different Nb and carbon contents. Section 'B! is
devoted to a study of the éffect of forging on the proper-

ties of an air-hardening steel based on Fe~Mn~Mo~Si-Nb system.
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Chapter seven has been devoted %0 an analysis of
the strengthening mechanisms in the alloys currently
investigated and also in other alloys based on lath

gstructure.

In eighth chapter results of structural investiga-

tiong carried out by X-ray diffraction have been reported.

Conclusions drawn are anumerated in the nineth

chapter.
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Unless otherwise stated, composition is in weight percent,
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CHAPTERS-TI
LOW ALLOY HIGH STRENGTH STEELS

1.1 INTRODUC TION

The term ;high strength‘steel; has varying inter-
pretations. In‘its simplest form, it representg any
steel which has strength higher than mild steel.
Similarly, the term }low alloy;,.which in a broad sense,
conveys that the smount éf majdr alloying element/
élements in a steel is around 5%, is very popular and
widely acpeptable. High strength steels are next only to
mild steels as far as the total annuagl world consumption
of different grades of steels is concerned (1). The
mogst important reason for their development was the need

for attaining higher strengths,

-During the early days of their development, the use
of high strength steels was based entirely on tensile
strength as the main design criteria. Weldability and
resistance to btrittle failure were not considered essential
requirements (2). A 0.3% carbon stéel alloyed with -

1.2 = 1.5% Mn and a small amownt of silicon was very
popular and was specified for a tensile gtrength range of
3T7=43 tsi ~s 600 MN/m2 (25; It soon emerged that the
steel had very poor weldabilify and resistance to
brittle failure which was traced essentially to its



high carbon content (2). The carbon content was, therefore,
brought down to around 0.2% and the resulting loss in
stfength was made up by marginally raising the manganese

and silicon contents (2).

With an increase in the demand for steels with highef
yield stréngth and impréved weldability, incorporation of
alloying elements such as nickel, chromium, vandium and
molybd enum and a further reduction in the carbon content
was actively considered while designing new compositions.
‘This, however, led to the attairment of unintended inter-
mediate temperature acieular microstructures im place of
the desired ones = the alloy.compositions tended‘to be
semi-airhardening type. This tendency was, therefore, used
to advantage in attaining the maximum permissible harden-—
ing in a given grade by resorting to quenching, Tempering
such a steel facilitated the attainment of any desired
comhinatioh of mechanical properties., The quenched and

tempered (Q and T) steels were thus developéd (2). More
‘or less simultaneously, a better understanding of (i) the
effect of alloying elements in general and, (ii) the
 beneficial effect of boron additions, in supressing the
formation of polygonal ferrite, in particular, led to fhe
development of commercial bainitic steels, in Wthh

balnlte was formed on continuous coollng As a consequence
of these developments, the useful level of yield/proof
stength héd been extended to about 45 tsi=around

700 MN/m? (2).



A significant development over the last 10~15
years has been the introduction of grain refined preci-
pitation hartened-GRPH ferrite-pearlite steels (2).

Low carbon (= 0.15%) - manganese steels microalloyed
with Nb, V, Al and Ti have Peep shown to exhibit
yield/proof gtrength in the range of 21-23 tsi (~ 342
MN/m?) with good ductility and impact transition tempera-
ture in the as-rolled condition (2-4). Commercial HSLA
steels containing Nb, V, and Al (2-4) and.more recently
titaniun (5) have been developed and are gquite popular.
Pegrlite reduced steels (PRS), in view of their improved
weldgbility and toughness (without practically any
reduction in strength), represent a further improvement

over the GRPH ferrite-pearlite bteels (6).

The advert and utilization of thermomechanical
tregtments for processing steels (7,8) and a better
‘understending of the effect of alloying elements on mecha-
nical properties made it possible to extend the level of
proocf strength attainable in low élloy steels from
~ 50 tsi (~ 800 MN/m?) to about 100 tsi (~ 1500 MN/mz).
Suitable examples in this regard are Ni-Cr-Mo and
Mn-Mo steels used in the gquenched and tempered condi-
tion (9), 3% Cr and 3Co steels (10) and many steels,in
the ausformed condition (7,8). The versatility of low
alloy steels vis—a-vis the pttainment of proof strength

over a large range from about 342 MN/m2 to as high as



~ 1500 MN/m?) is, therefore, evident.

Factors which will determine whether high
strength stecls im general can be used for increasing
number of gpplicatigns are (a) service conditious (b)
availaobility of standard specification for design and
(¢) information on acfual performance under service
conditions. Weldability is considered an equally impor-
tant factor in this regard (11). Information envisaged
in (e¢) is difficult to obtain in structural applications
e.8. ships and bridges and more readily obtainable in
the field of transportation Qith the help of simulgted
lzboratory tests. It is for this reason that high t
strength steels have gained gnd are gaining wider accept-
ability in the field of transportation as structural

members and in sheet form (11),

Ingpite of a general lack of standards snd other
: relevantvdata, use of high strength steelg offers
definite advantages (11-13). In the field of structures,
there is a reduction in structural weight since smaller
sections can be used (11-13). In the field of trans-~
portation, the advantages envisaged are {a) a decrease

in thé dead weight of the vehicle and hence an increase
in vehicle capacity, (b) possible improvement in the
resistance to mechanical abrasion smd corrosion znd

therefore, a saving in the maintenmance c¢ost. In view



of the above the use of high strength stecls is consider-

ably increasing. More impogtant areas of their applica- |
tion are bridges and construction of buildings, transpor-

ration and earth moving equipment, ship and marine appli-

ances, storage tanks gnd vessels, gés, transmission pipe
lines, communication agnd power &istribution, heavy

| construction equipment ard fastneys and material handling

equipment (11,13).

1.2 USER REQUIREMENTS

As has been stated eailier, the main requirements of
e earlier high strength steels were a high yield strength,
resistence to brittle failuré and adequate weldability.
In view of the extremely diverse and stringent service
conditions to which the present day high strength stéels
have to cater to, the user requirements have become more

diverse and exacting and can be summarised as follows:

a) A high yield/tensile ratio (12,14,15)
b) Adeduate ductility at high strength (11,12,15,16-18)
¢) Hardengbility (11,12,15,16)
d) Notch toughness and resistance to grack
propsgation (11,12,15,16,18).
e) Resistance to fatigue failure (11,12,15,17)
f) Weldability (11-13%,15,16,18)

g) Other properties such as: i). registance %n sof tening



at high temperstures (19,20),
ii) improved dimensgional stability (19-24)
iii) corrosion and gbrasion resistance (11,12,16) and,

iv) freedom from hydrogen embrittlement.

A majority of these requirements could be meﬁ at
least in part through a combingtion of alloying and
through the experiende gained in different thermal gnd
mechanical treatments, Many of the above pqrgmeters
operate in g mgnner counter to each other e,g. an increase
in strength in general is accompained by a decrease in
ductility and toughness, Most often in practice a compro-
mise has to be struck between various properties desirable
and certain minor requirementg have to be sacrif%ed or met
with only partly in preference to the major omes. So,
also, mgny of the requirementg are related with high
strength and good ductility c.g. high fatigue resistance
is related %o the presence of adequate ductility coupled
with high strength., Thus, the user requirements essentiaglly
reduce down to the economic gttainment of high strength anc
appropriate ductility and toughness with the emphasis'on

improving ductility and toughness as much as possible,

1.3 CLASSIFIC ATION

Based on their development, high strength steels

can be classified as
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i) PHGR F~P STEELS — Useful yield strength ~ 360 MN/m°
- ii) Continuously Cooled Bainitic Steels - Max. attainable
proof strength ~ 900 MN/m®, Useful proof strength
range ~ 360 to 700 MN /.
iii)Quenched and Tempered (Q and T) Steels - Max. attain-
able proof strength ~ 1500 MN/m2. Useful proof
" strength range ~ 775 to 850 MN/m2.
iv) Ausformed Steels = Max. attainable proof strength

A 1500 MN/m°.

Amongst the above-grades, a brief mention of the
ausformed steels is necessary since they have not been
discussed while outlining the development of high strength
steels in sec. 1l.1l. Ausforming essentially involves
imparting controlled mechanical deformation to metastable
austenite prior to its undergoing phase transformation and
therefore has limited applicability (7,8). In view of the
permissible upper limit upto which alloying elements may
be present in g given composition, the optimally useful
proof strength range in LAHS steels (appropriate ductility,
toughness and transition temperature being assured) appears
to be 775 - 850 MN/m?. Therefore, only two of the gbove
mentioned categories of steels namely (a) bainitic steels

and,(b) Q and T steels qualify for a further detailed

discusgion.

1.3.1 Quenched and Tempered Steelg

Majority of these steels contain nickel, manganese,
and carbide forming elements such ad chromium,; molybdenum or



vanadium in varying amounts (9,10,25~27). These alloys
are used in the overaged condition to attain optimum
ductility and toughness levels, The microstructure
consists of ferrite matrix, ‘toughened by nickel additiogs
and contsining a dispersion of carbide particles. Their
nature would depend.upon the compogition of steel. The
carbides formed in the overaged condition, in general,
can be represented by a formulg Mx Cy where M re-~
pfesents [Fe,A,B etc.], A and B being +he alloying -
species present e.g, in the presence of molybdenum the
carbide Precipitate has a formﬁla [Fe Mo]6c S or simply
MgC (28~30). Mechanical propertiszs are primarily governed

by the carbide size, shape and distribution.

Besides carbide precipitate, steels can glso be
strengthened by the precipitation.of intermetallic com=
pounds. DIepending upon the carbon content and steel
composition, intermetallic precipitation may take place
from polygonal ferrite (30-33), massive ferrite (33),
ferrite-pearlite (34) or martensitic matrices (31-33).
For strengthening it is desirable to ¢b¥ain fine spherical
precipitate particles having (a) a low metrix mismatch
(b) a cube face coincidence relationship with the ferrite
matriz and (clalattice parameter which is an integral
multiple of the ferrite lattice parameter (34-3%6). The
main problem with these steels is that ductility =nd

toughness levels are low., These can be improved upon by
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refining grain size (30~33) and by keeping the carbon

content as low as possible (33, 37).

A yet another method of.strengthening alloy steels
is by elemental precipitation, ”Copper additions are
most useful in this regard (38). Low alloy copper bear-
ing steels are used either in the normaglized or in the nor~
malized and tempered condition (23,38-42). A proprietory
copper bearing steel called NICUTEN has extensive appli-

cations in the form of quenched and tempered plates (42).

Strengthening in these steels results from the pre-
cipitation of copper in eleméntal form as a fine disper—
sion with some so0lid solution hardening effect (23, 34,38-42).
There is evidence that the precipitation occurs in lines
in ferrite which possibly indicates an interphase preci-
pitatior similar to the one for the precipitation of
V403\and Nbe in steels (43). Strengthening has been
observed to be independent of the microstructure of the
matrix (%8). The ductility and toughness of these steels
can be improved upon by iowering the carbon content (385,
chooging an optimum gmount of copper and by controlling
the prior austenite grain size by the addition of carbide

forming elements (38).

1.4 BAINITIC STEELS

Bainite in them is formed on air cooling. 1In
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order to obtain a Tully bainitic mi¢roétructure on
continuous cooling, over g wide range of cooling rates,

it is necessary that the transformation to polygonal
ferrite is totally suppressed and the transformation to
martensite avoided (44-46)., The former is achieved
“through 0,5 Mo-B additions t0 a low or a high carbon iron
base (3,47) and the latter through proper alloying(44-46).

Two basic morphologies exist in bginites, In the
upper bainite, large dislocated ferrite laths are bounded
by cementite (carbide) while in lower bainite, carbides
precip%tate inside these ferrite laths gt aon angle of
55-60°. ,There is no clear cut evidence for twinned ferrite
in lower bainite. Possibility of the carbide being epsilon
carbide exists. The temperature for the change from the
lower to uppcer bainite rises steeply with.carbon content
reaching a maximum value - 550°C around'O.é% carbon{ Fig.1.1).
Thereafter it drops‘to 3$O°C aroand - 0,55% C and levels
off at higher carbon contents.as shown in Fig. 1.1(46—48).

The factors affecting the strength of bainites are
bainitic ferrite_grain size, carbide dispersion, dis-
location denSity, interngl stresses and carbon dissolved.
- in bainitic ferrite (46). Ail the se parameters are’
primarily affected by the transformation temperature on
cooling. It's cffgct on the tensile strength of}bginites

is shown in Fig. l.2. In general lower bainites are
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mewe stronger than upper bainites.

From ductility and toughness considerations the
bainite morphology assumes a considerable significance.
Upper bainite is an undesirable congtituent since low
duc tility and toughness are inherent to its morphology.
This is because the bainitic ferrite lath width is rela=-
tively_large and carbides are present along lath boun-
daries. As a result, arresting crack propagation is
rendered difficult., Contrary to this, the 1owéx bainite
microstructure consisting of dispersed carbidgs,[ggékiew

of its similarity with the tempered structure, is bene~

ficial from the point of view of ductility and toughness(46).

The varigtion in the impact transition tempera?ure
as a function of tensile strength is shown in Fig. 1.3.
Initially, the curve rises steeply with the tensile strength
in the region where the structure is upper bainite, The
| transition from upper to lower bainite is characterized
by a“suﬁden drop in the impact transition temperature
(Fig. 1.3). This is attributed toa change in the carbide
dispersion (46). Thereafter, an increase in the tensgile
strength reéults in a gradual increase in the transition
temperature in the region where the structure is lower
bainite (Fig. 1.3). |
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From purely theoretical considergtions, best
ductility and toughness with upper bainiteg would be
obtained when the strength is low'(3,46,47). At a given
strength le#el, ductility and foughness can be improved
upon by refining the prior austenite grain size. This
is brought about by sdding grain.refiners such as Al or

Nb and by employing low roll finishing temperatures(3,46).

Lower bainite microstructure offers advantage in
that it exhibits good ductility aﬁditoughness in addition
to high strength. It is, therefore, possible to temper
these structures t0 a desired level gnd yet maintain the
beneficisgl microstructure consisting of‘dispersed
carbides (46). A lowering of strength on tempering would
result in a further improvement in toughness. In orde#
that the ductility and toughness levels arc appropriate,
tempering has to be carried out to sn extent fha? proof

strength drops to sbout 45 tsi or 700 MN/m° (46).

1.5 CONCLUSION

The development of high strength steels with special
refercnce to the bainitie (46) and the Q and T steels
has been reviewed. Their drawbacks pertaining to the
difficulties encountered in gchieving the desired levels

~of ductility and towmghness have been discusgsed.
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The useful range of proof strength attaingble in
low alloy stcels,without sacrificing toughness, appears
to be in the range of 775-850 M¥/m°. In order to
develop steels in this range of proof strength with
improved ductility and toughness, it is necessary to
consider the different microstructural parameters
affecting mechaniczal properties of 10& alloy steels.

¥
This has ¥een discussed in the next Chapter.



CHAPTER -TII

FUNDAMENTALS IN DEVELOPING STRONG AND TOUGH STEELS

2.1 INTRODUCTION

The main factors to be considered 'in developing a high
strength steel are the attainment of high strength in .
useful sections, appropriate-ductility and good impaet

properties at room and sub-zero temperatures.

It is most beneficial to obtain high strength in
the gstransformed condition. For this, the transforma-
tion must be one invclving shear =and occuring at éufr
ficiently low temperatures. This ensures that the
transformation induced sub-structure, whieh contributes
sighificantly to strength, does ﬁot anneal out during
the later stages of cooling. By doing s0 an additional
heat treatment involving tempering or ageing is eliminagted.
From hardengbility considerations, it is important to
obtain shear transformgtion product at slow cooling rates
without polygonsl ferrite being formed. Rapid gquenching
can supress the formation of polygonal ferrite during
cooling from austenite but would lead to problems such
as quench-cracking. Therefore, from pracficai ponsidera—
tions, it is desirable that shear transformagtion in large
sections are obtained at relatively slow cooling rates.
This ensures sub~structural strengthening in usgeful

sections and t0 a very large extent eliminates the
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possibility of polygonal ferrite formation.

The other important factors to be considered are
ductility and toughness. An increase in strength in
general affects them in an adverse manner. In steels,
an increase in carbon content increases strengthe Thus,
for optimization of properties, a close control over
carbon content is vital., Lowering carbon content
improves duetility and toughness only at the expense of
hardenability and strength. The loss in hardenability
and strength would have to be made up by appropriagte |
alloying additions. Attainment of a useful combination
of strength, ductility and toughness would only then be

gnsured.

Mechanical properties depend upon microstructure
which in turn is a function of the composition and ther-—
mal /mechanical treatments. The following discussion . is
related to the effect of different microstructural

features on strength, ductility =nd toughness.,

2.2 MICROSTRUCTURAL FEATURES AFFECTING STRENGTH

2.2.1 Transformation Induced Strengthening

The most effective transformation in this regard
is change the austenite to martensite transformation.
Depending upon carbon asnd nitrogen content and stacking

fault energy of austenite, the resulting product is either
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an internally twinned plate martensite or g heavily
dislocated lath martensitve (29,49-59). The plate
martensite forms at carbon coﬁtents > 0.6 wt,%

(52=57) and has a tetragonal lattice (60). As a result
of this teragonality, it has fewer available slip planes
than normal ferrite lattice (13). The traﬁsformation
itself generates numerous dislocationg in addition +to
twinning and this ihhibits the movement of other dis-
locations (13). All these factors coupled with a
limited deformation inherent t0 a twinned structure (61),
result in an extremely strong materigl with wvery poor
toughness and ductility. The strength in the astrans-
formed condition is mainly governed by carbon in solu-
tion, more than three guarters of the effect coming from

carbide precipitation during quenching and the remainder
from the carbon still retained in solution in marten-
site (51). The carbon level at which twinned martensite
forms and the associated brittlensess precludes the
possibility of this structure being used for developing

high strength steels.

Lath martensite forms towards lower carbon contents
ranging from about zero to 0.6 wts (52-57) and has a
bee lattice (60). There is g high a dislocation density
within laths seapable of a restricted movement under an
applied gtress (62). This micro-constitucnt thus offers

a bettor combingtion of strongth, ductility, and toughness
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compared to its plate-like morphology and should there-
fore, prove useful. As before, the stremgth is governead
by carbide precipitation during quenching, iﬁterstitial
solid solution hardening and sub=structural contribution.
The contribution of sub-structure to strength is of the
order of 10-20 tsi = 155 to 310 MN/m2 (51), and the
relative contributions of the other two factors are

governed by carbon content.

tResults reported in more recent investigations
on the transition of lath to.twinned nartensite, as
influenced by carbon content, are at variance with the
earlier observations. Ig one of the investigations it
is reported that lath martensite are formed at ¢ £ 0.3%,
and twimmed martensite at C>0.6%, the microstructure
being partly lath and partly twinned in the carbon
range 0.3 - 0.66 (52, 63~65)., However, in another study
it is reported that lath martensite forms at C  0.4% |
and twinned mgprtensite above 0,4% C (66).

2.2.2 Grain-Size Strengthening

The most successful qaantitative relationship
be tween 1ower‘yie1d stress and grain gsize is the one

given by Petch (67, 68):

' ~1
cy = 03 *'Ky d /2 s+ Where,

o = lower yield gtregs
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0. = frictional stress needed to move a

dislocation through the lattice.

K = grain boundary locking term

o)
i

grain digmeter

The Petch parameter K_ = mz,tc.Pl/Z, where,

y

m = g factor governing the number of operating

slip systems

T, = 8tress required to operate a dislocation

c
source

P = radins of the tip of a blocked slip
band.

For a mild steel (0.11%5, it can be calculated that
for a grain digmeter ; 0,25 mm (ASTM-~1), an yield u
stregsgs = 7 tsi or 110MN/m2 ig obtained while for d = 0,01 mm
(just above ASTM 10), an yield stress of 20 tei or 310
MN/m2 is obtained {(68). ;f the grain dismeter is reduced
to 1 pm, a minimum yield stress in excegs of 40 tsi

- 620 MN/n® could be obtained. This is more of a theore-
tical possibility and so far no commercially feasible
methods have been developed to obtain such fine grain
sizes at least in low alloy compositions. However, recent
evidence suggests that grain sizes of the order of 1 um
diameter cgn be obtained in high alloy steels by a com-

bination of mechanical and thermal treatments (3L, 32).
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The value of m increases as the eases of cross
slip diminishes resulting in a rapid increase 1n.K (13)
Thereforc, techniques of reducing cross glip in ferrltp
would enhance the effect of grain size gnd hence are
worthy of examingtion. Boron has been shown to exert
such an effect (69) and, therefore, its smail additions

may prove very useful,

The tensile strength does not increaée to thg Same
oxtent with grain refinement as the yield strength. Thus
a high YS/UTS ratio would be attained., This is in keep—
inglwith the preéent day thinking on yhe dser require~
ments of high strength steels (gec., 1.2) and does not

raise any problems,

2.2.2.1 Control by Deformation and Precipitation

Grain refinanenf;debends upon producing a fine
grained austenite éfructure. This is achieved by re-
stricting recrystallization and grain growth in the
aUs teni te (13,70) or by controlled recrystallization of-
austenite without allowing grain growth to occur (71).
Methods of affecting grain refinement are (i) thermal
and thermo-mechanical treatments, and, (ii) restriction of
boundapy nigration by particles of s econd phase, In the
former, austenite grain size is governed by the distrie
bution of deformation with time and temperature (70,71)

and cooling rate f rom austenitizing temperature after
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deformation (71). A more detailed discussion on this

follows in a later section (2.4).

The theory and mechanism underlying grain refine-
ment by second phase particleg is now well understood(72-
77). In this method, the recrystallization kinetics of
austenite are‘controlled by precipitation of carbides,
nitrides and carbonitrides in it. Thus, parameters such
as reheating temperature, time at soaking tomperature,
net gmount of deformation, deformgtion per pass, and
deformation finishing temperaturc normally agsociated
with hot working schedules are of immense importance (70).
Based on the above discﬁssion, it can be inferred that
the thermo-mechanical technique would be more effective

in the presence of second phase particles.

Elements commonly used for grain refinement are
aluminium, niobium and vanadium (4,13) though in principle
other elements such as titanium can also be used (4,5),
With aluminium additions, the grain refining preglpitate
is AIN (4,13). The particles of AIN, precipitated by a
prior trcatment, begin to redissolve on reheating at
temperatures around 100000, solution is repid around
1200°C and virtually complete around'lBOOQCv(4,l3). The
nature of these particles around 900 -~ 1000%C is most
suitable for grain refinement since coarsening is very

rapid above this temperature range, Thercfare, aluminium
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bearing steels are usually normplized from temperature
around 900 -1000°C (950°C) to develop fine grained
structurcs (4,13). AIN particles can also give rise to
grain refining during rolling provided the reheating
temperature is aground 115000 (13). 4 sufficient number'
of AIN particles are still available.at this temperature
for grain refincment. Thig is further enhanced by using
low finish-rolling temperatures. Thus, aluminium nitride
particles can result in grain refinement both during

normalizing and during rolling.

The grain refining action of niobium is due to a
complex carbo-nitride, the predominent partner in the
precipitate being the carbide (4,13,78). Hence, the
precipitate is commonly referred to as niobium carbide.
It has been lately established that the ¢omposition of
this precipitate is NG, g, rather than NIC (79).

As before, the solubility data of NWC in austenite
is of importance, Different quantitative relationships
correlating niobium and carbon weight percentages to the
solution temperature exist (79). For carbon levels
generally used, the carbide starfs dissolving at tempera-
tureg above 1050% and the solution is complete around
1250 -1300°C (4,13,79). On cooling,it reprecipitates
pértly in austenite but mostly ﬁn tﬁe ferrite_(4,13,80)-

Precipitate suitable for grain refinement by pimning of
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grains is produczd when steels are normalized from

900 - 950°C (4,13).

Niobium could also act as a grain refiner during -
rolling provided that an appropriate rolling-schedule is
employed. The dest starting condition is to have almost
the entire niobium as carbide in solution in austenite.
Precipitation of niobium carbide occurs during rolling

on sub-grain boundaries formed during recovery after each

pass (13). These are therefore pinned and recrystalliza-
tion by sub-grain growth is restricted. These precipi= -
tates'ooarsen during subseguent passes and also help to
restrain grain boundary migration (1%). The overall rate
of recrystallization is thus considerably slowed down in
the presence of niobium carbide particles and is extre-
mely sluggish below 900 =~ 950°%C (1,13). This enables
retention of beneficial microstructural features produced
by controlled hot deformation at the deformation finish
temperature, duwn to room temperature, without the

necessity of altering the cooling rate (80).

However, great caution must be excercised in
controlled hot working of niobium bearing stecels. This
is because the recrystallization of austenite in niobium
bearing steels is not instantaneous (1,13). Any holding
between 1050 — 950°C to achieve the desired roll finishing

temperstures would result in mixed grain structure. (1).
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The disadvantages associated with a variable grain size

microstructure are well known.

| Vanadiuﬁ is not a strong grain refiner as aluminium
or nighium. This is beeause the vanadium.bearing preci-
pitate hys 3 much lower solution temperature than either NIC
oY AlJ and is therefore more ugeful in affecting preci-
pitation hardening (13), Vanolium nitride is more
effective than éarbide and hence fhe steels require high
nitrogén contents. High nitrogen contents may adversely
affe¢t ductility and toughness (4,13). Hence Wanadium is
normally used in-combination with a grain refiner-Al or

Nb (13).

2.2.3 Sub-Grain Strengihening
Sub-graing play an important role in controlling

room temperature mechanical properties of wrought materials.
The conditions under which sub=-grains form, mechanism of
formation and their influence on mechanical properties

have been reviewed 70). Hot worked structures are charac—
terizéd by a more or less egquiagxed and uniform sub-grain
strueture with 2 tﬁree-dimensional-dislocation arrange=-
ment'within these sub-grainé.‘,The relationship be#ﬁeen
high température flow stress and sub-grajn gize is governed
by a Petech type of equation (70) :

-M
o = o, *+ Kd



24

where,
‘ 6 = flow stress
d = sub-grain size,and, 6,, K and M are
constants | '

The frictional stress o, is usually found to be zero
for both pure metals and dilute solid solutioné (81~84).
The constant 'M' generally has a value of 1 (83-86),
although values of 1.5 (82) and 2 (87) have also heen

reported.

Several workers have obgerved that room temperature
hardness (83,84,88), microhardness (87,89) and yield
strength (81) are related to the sub-grain size by an

equation of the form:-

where, s = property being measured |
d = sub-grain size and So gnd- K are
constants.,

Tb&s; when sub=-graing are present, ambient tempera-
ture properties depend only on sub-grain size and are
independent of the temperature and strain rate at which
sub-grains were formed (70). It is, therefore, possible
to produce materials‘with improved properties by:contrélw,
ling deformation and temperature in a way so as to obtain
a specdfic sub-grain size and preventing recrystalliZation

by rapid cooling (70).
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.2.2.4 Precipitation Strengthening

The most popular mode of strengthening currently
used is precipitation or dispersion hardening, In this
method, barriers to dislocation movement are provided by
precipitate particles. In‘steels, coherent precipitates
do not.result in marked strengthening.' However, in~
toherent particles provide strong barriers to dislocation
moYepent by preventing dislocation movement either past
them ve throﬁgh then until very high stresses are
applied $13). This results in considerable strengthening,
The theoretiqal model fcr the strengthening effeét:in the

presence of incoherent particles is due to Orowan (90):

Gb . 29 d-2r
¥ Tyt g (isey) - w(SEY)

«
]

where, ¢ = %(l +Tl:~a)

ty = ghear stress at yielding
LS yield stress of the matrix
¢ = shear-modulus

b = burger's vector

d = particle-gpacing

r = particle radius,and, Y = poisson's ratio.

The Orowan equation suggests that if the inter-particle
spacing is halved the strength oan de doubled and if
the spacing approaches particle digmeter, obtaining

Infinite etrength is theoretically possible. This goes
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to show that this modé of strengthening i{s capable of
‘producing very large increment in'strength. It fqlloWs,
ther}éfore, that this must be aCcomp;anied by a econsiderable dec—
rease in ductility and toughness.’AThiS aspeet will be dealt
in secfion 2,3 and méthodé'of-reducing this intense

strengthening effeet to reduce brittleness digeussed.

‘The precipitate, mbsf effective in’hardaning.steels,
1s niobiup carblde. Normallzlng from 1250°C produnees \
maximum strengthening (4,13). During cooling, the carbide
in solution at 125000, reprecipitates mostdy in thé
ferritq ae 100 A° diameter particles 500 A° apart(4,13,80).

2.2.5 Qther Strengthening Mechanismg

Many other strengthening mechanisms such as intere
stitial solid-solution hardening, substitutional solid
solutlon hardening, order hardening, work hardenlng are

well known and would be rev1ewed in brief.

In inters¥itial solid solution hardehing, carbon and
.nltrogen.atoms bceupy interstitial s1tes in the ferrite
lattice, As a reSult of this, asymmetrlc distortions
ar¥e produced in the parent lattice and the dislocation
motion severely retarded resulting in strengthening(13).
Hdwever, the movement of dislocations is restricted to
an extent that new dislbcations are oreated which become

entangled with other dislocations giving rise to erack
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nuclei (13). - Thus, although a large increase in strength
is obtained, but ductility and toughness are adversely

a,ffec ted »

Strengthening brought about by subgtitutional alloy
addition is much less comﬁared to that 6btained with inter=—
stitial elements. ‘This‘is because the presencé of'sub~
stitutional solute atoms gauses relatively smaller dis-
tortions in the parent lattice. Therefore, the increase
fin=streﬁgﬁh“is comﬁaratively smaller and ductility end

toughness are not greatly impaired.'

In cfder—hardening, solufe atoﬁs occﬁpy.positions
with a definite periodicity throughoit the parent
lattice (91). This is a stable configﬁratibn and hehpe.
more energy is required -for slip to occur in such a cdn~
figuration compared to a random array (4,13). Ordering,
|  however, requires'a‘high”alloy content gnd is‘uneoonomical
in deVeloping ﬁew steels. Spinodal deconposition is‘; 
‘ano%hér phenomenon which has_received congiderable attenf
tion;(92). The principle involved is to obtain a preci-
pitétingvphasééAistributed throughout the lattice wlth
‘definite periodicity atfthe;stagé of preoipitation where
it is g%ill cohefent with the matrix. Thus, such a con=-.
figuration wo ulci not provide gevere barrie: to thé move-
- ment - of dlglocations in‘the classical sense (as in pre-

cipitation hardening), but slip is rendersd more difficuli
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from energy conslderations. Thus, strengthening is
obtained without ductility snd toughness being greatly
impaired. However; for reaSons dlscussed earller, the

applicability of this method is limited,

In strengthening by Workbhard'ening, dislbcationé
are generated as a result of deformation~to a stage‘
where tangles gnd nefwworks of disiocations form, These
retard movement of other diélocations resulting in g large.
increase in strength which is’accompaiied by a consider-

" able decrease in ductility and toughness.

2.3 MIC_B_OS_mm...ﬂEAL__MUREﬁ_AEEM.«Q
o DUQTILITY AXD_TOUGHNESS

2.3.1 Introduction
- A high-etrength steel-shouhi.exhibit 'appropriate
ductility’ in order that it performs its englneering

functions satisfactorily. Its magnltude is governed -by

service requirements and strength level,

Ductility'is the property which governs %he ability.
- of a material %o undergo eﬂough plastic deformation prior
to failure, It%, therefore,'ensureé that stress concen— |
trations in structural components are'relieved'to an
extent that sudden catastrophic failures are avoided
Ductility is alst important for aschieving resistance to
 fatigue failure (25). It has been shown that, uniaxial -

tests for méasuring ductility are not always reliable and
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Ray give misleading results particulsrly at very high
strengths (14). The use of more elaborate tests which
give biaxial stresses at the region where failure occurs

has becn recommended.

Toughness indicates the ability of a material to
withstand suddenly appliea londs and is expressed as the
energy a material absorbs prior to failure. A material
which is ductile and tough at ambient temperatures may
undergo an abrupt transition to a brittle state at some
temperature or a narrow range of-temperature known as the
impact transition temperature (ITT). Uniaxial tests ﬁhich
givé an inairect‘measure may yiéld misleading results
e.8. a material exhibiting o large area under the load
extension curve in 5 tensile test,limplying a good tough=-
ness valué, may fail in a brittle manner if the transition
Yemperature is at or above room temperature. The report-
ing on this paraméter ig thus complete and meaningful
4nly when impact transition data is provided., In appli-
¢ations where low temperature toughness is an essential
raquirement, the nature of variation of toughness with
tenperature may be more important than the actual value
iteself e.g. a material 'A' pogsessing a lower impact
value at room temperature than materiagl B but showing
a more gradual decrease as the test temperature is
lowered is more likely to be chosen for cryogenic appli-

catlions in comparison to a mgterial B which shows an
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abrupt decrease iﬁ impact valuc on lowering test tempera-
ture. Therefore, the three important aspects of toughness
are (a) ambient temperature toughness (Upper Shelf Energy)
(b) the nature of its variation with temperature,aﬁd.{c)
transition temperature. Their relative importance is
governed by the service requirements. A better assessment
of this parameter is now available at room temperature
with the advent of techniques for measuring fracture tough-
nesgs (93,94). Howevér, as stated earlier, the reporting
on this parameter is complete only when the transition
data is available. Thus, clnssical methods of impact
testing are still very useful.

It ig difficult to isolate ductility from toughness
-and vice versa as they are interrelated. Appropriate |
levels of these parameters agre usually obtained in steels
by = combingtion of alloying and thermal/mechanical treats .
ments; Various factors influencing ductiiity and toughe -

ﬁess ar¢ discussed below:

2.3.2 RPurity

In order to extract maxiﬁﬁéubénefit in terms of
properties, o teel spacificatibﬂs“must have severe control
on impurities., Elements such as S,P, and oxyzen whish
adveraely afiect toughness shou1d be kept down $o the

lowest possible levels (14&. Sulphur adveréely affects
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ductility and particularly toughness through harmful low
melting constituents at grain boundaries (4,95). Phos~
phorus segregates to grain boundaries in elemental form
and causes grain‘boundéry decohesion (96). However,
there is evidence that phosphorus is no${ particularly
harmful at very low carbon leﬁels (96), Oxygen causes
grain boundary embrittlement and promgtes intergrannular

failure at sub-zero temperatures (14).

Inclusions are usually present in some form or the
other in steels. Their. influence on dquctility and tough-
neys depends upon their nature, size and distribution.
An improvement in ductility can be obtained by avoiding
atringer inclusions (14). The fewer and smaller the
non-mgtallic inclusions and the more even their distri-
butidn, higher is the ductility, particularly in the
tran$Verse direction (97). Disc shaped sulphides are
far mOf%_aetrimemfal than sulphideé which are elongated
‘parallel. g the tensile axis (98). Pearlitic carbides
are less harm§ul than suiphides and spheroidal carbides
less detriments] than lamellar carbides (98). According
to g more recent study, anisotropy in wrougﬁi steels is
because of the presence of inclusions, their shape being
of prime importonee {99). Tensile ductility and notch
.toughness are highly airection dependent. Anisotropy
‘increasss with defoymation, its influence being mainly

related to the presence of inclusions (99). Increase in
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sulphur content generally increases anisotropy. Banding
also increases aﬁisotropy, and there is some evidence
that banding and inclusions accentuate the effect of each
other (99). The shape of inclusions also significantly

affects fatigue strength (97).

~ Residual hydrogen causes embrittlement and thus
adversely affects ductility which eventually may lead to
brittle failure, Transverse specimens are more suscepti-~

ble than longitudinal test specimens (100).

All these factors amply indicate the importance of
purity. The higher the strength requirements, the more
pronounced the harmful effects associgted with impurities.
A low gas content, and a reduction in the amount of
5,P, and 05 would result in gn overall improvement in
- mechanical properties., This can be achieved by employing
vacuum melfing and casting methods (101, 102) and refin=
ingﬁﬁathods such ags electro-slag reméiting. The use ofi _
these techniques is restif;ted to specialised applicatibnss
Therefore, under normal melting and casting conditions
it ig difficult to avoid inclusions in steels. In their
presence, an improvement in ductility can be brought
about by (i) lowering their size, controlling their shape
and, (ii) obtaining g more uwniform distribation. The
lattef can be achieved by an appropriate selection of

thermal and or mechanical treatments/séhedules.
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2.3;3 CgrbonfContent

Effect-of carbon on the strength of steels is well-
known. An increase in carbon content results in agn in-
crease in strength in both the as-transformed as well as
in the quenched and temperel conditions (103~111), The
strength and ductility of quenched and'tgmpered martensitic
steels are inversely related (104-111). An increase in
hardness (equivalent to increasing carbon content) results
in a consideralle decrease in ductility and toughness.
This could assune uwnacceptable proportions at very high

strength levels.

A reduction in carbon would considerably improve
ductility and toughness at the expense of strength., How-
ever, this possibility may yield useful results at the

strength levels currently under consideration.

2.3.4 Ngture of Martengite

I+t has been seen earlier (See. 2.2,1) how twinned
nartengite undergoes limited deformation znd is, therefore,
an undesirable microconstituent from the point of view.
of ductility and toughness, However, it is'possible to
-obtain adequate ductility and toughness compled with high
strength by employing lath martensite as a primary con-
stituent., It is, therefore, considered a useful nmicro-
constituent., A further improvement in ductility and
toughness can be brought about by lowering the

carbon content Because the interstitial solid solution
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hardening effect and the volume fraction of auto-tempered
carbides is considerably reduced. The resultant loss in
strength and hardenability can be madeAup by balanced
additions of substitutional slloying clements. This
approach appears promising and could prove very useful in

developing new high strength steels.

A further disadvantage with twinned martensite is
its susceptibility to hydrogen embrittlement and stress
corrosion cracking (112,113), It was suggested that the
susceptibility of some low carbon (0.18 = 0,2%), low
alloy steels to hydrpgen embrittlement in the quenched
and tempered condition might be the result of formation
of locglized patches of twinned martensite. This is
possible if segregation occurred so as to raise the carbon
content in some locglized regions to a value high enough
to promote the formation of twimned mértensite (113).
The use of lath martensite structure in transformable
alloys which may be further strengthened by age harden-
ing has, therefore, been advocated (112).

2.3.5 Nature of Precipitapeg

In section 2.2.4, it has been shown how incoherent.
particles could lead to considerable strengthening, The
disadvantage of precipitation harlening is that dis-
location multiplication and pile up can easily occur at:

stresses well below those required to move dislocations
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through or past the precipitate particles. This leads

to the formation of créck nuclei, thus adversely affect-
ing ductility and toughness (13,114). One method of
improving toughness is to alter the dispersion of particles
in a way that the number of dislocations between adjacent
precipitates is below that needed for a pile of critical
length for crack nucleation to occur (114). A second
method is to reduce the precipitate size so that they are
easily cut or engulfed by dislocations (114). It has been
shown through extensive experimentation that zn increase
in 1 tsi (15.5 MN/m2) yield strength prodused” by
dispersion strengthening raises the impact transition

temperature by approximgtely 4°¢ (115).

2.3.6 Grain-Sigze
- Fine grains in addition to increasing the lower
yield strength also improve both toughness and ductility.

The transition temperature, Tc, is related to the grain

size by Petch equation (67,68) :

Be ¢ = Inf -1nC = 1n a~1/2
where, Tc = +transition temperature
B = measure 0of resistance to lattice dis~
tortion and depends directly upon
oy i.,e. the frictionsl stress
c = measure of difficulty of crack

propagation, gnd,
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d = grain diameter.

Thus, the ductile to brittle transition in a fine-grained
materiagl occurs at a lower temperature opmpared to that

in a coarse-grained material, When the :above equation

’ a2

is considered alongwith the relationship, o, = di + K

y N
two important factors emerge. If strengthening is obtained
s a result of grain refinement, then an improvement in
ductility and toughness occurs. On the:other hand, if
strengthening“occurs by raising Oy brittleness would be

induced,

The different methods of affecting grain refinement
in steels have already been discugsed (Sec. 2.2.2).
Quantitatively, an increase in 1 tsi (15.5 MN/m?) yield
strength produced by grain refinement results in g de-
crease in impact transition temperature by about 10°C(115).
It has been shown that a 200°C drop in finish rolling
temperature can cause a reduction in transition.tempera—
ture by 110°C with a 0.06 wt.% niobium in low carbon,
1.5% manganese steel (1). In an equivalent niobium free
- steel, a similar drop in roll finishing ‘temperature re-
sulted in a lowering of transition temperature by only
20°C (1). The advantage of employing low finish rolling
temperatures in the presence of a grain refiner is,

therefore, evident.
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2.3.7T Sub=Grain Size

The fole of sub-grains in controlling ambient
temperature mechanical propertics has already been
discussed (Sec., 2.2.3). Interest in the behaviour of
sub-grains has significantly increased and it has been
suggested by some that refinement of austenite grain
size by controlled hot deformation is not the only .
mechanism of improving toughness (116). Provided that
a2 large number: of stéble sub—grains are present within
a 8rain, the net effect then would be similar to that of
s fine graineq microstructure. This condition could
a.pply despite a relatively large grain_size. Thus a
nicrostructure consisting of stable sub-grains could in
principle bring about an overgll improvement in mecha-
nical propertizs in 2 way brought sbout by a fine grained
microstructure. Work on isoforming (116-118) amply

supports this view. -

2.%3.8 Carbide Morphology Size and Distribution

Cementite is an essential constituent in conti-
nuously cooled steels (bainitic steels) even when carbon

content ig low. Irvine and Pickering " were two of
the earliest investigators to conclude, on the basis of

fractographic studies, that ccmentite morphology had an
important bearing on the impact properties of molybdenum-
boron 3te2l(3).This has since been further substan™:

tigted (ll9)§ Tt was shown that in Mo-B steels, large



38

elongated aregs of cementite formed glong bainitic
ferrite grains and that their distribution was not
uniform resulting in poor toughness gnd ductility.

An improvemeﬁt in impact'properties resulted by
employing faster cooling rates and was attributed

to a decrease in the size of the cementite areas and
the bainitic ferrite sub-grains., Contrary to fhe
observation in Mo-B steels, a more general dispersion
of cementite particles was 6btained in a lowvcarbon A
Mn-Mo-Nb steel. Spherical particles of cementite pre-
cipitated along baginitic ferrite lath boundaries and
since the number of 1ath boundaries was large, the
dispersion of particles throughout the structure was

uniform resulting in an improvement in toughness (119).

The effect of size, shape and distribution of

A Qarbides, on ductility and toughness is therefore clear,
If a cloée control is not exercised over these pérameters,!i&br
harmful effect is likely to assume large proportions.
The mechagnism by which carbides lower -impact properticw
is known as carbide cracking mechanism (120,121). When
carbides aré'present, particularly large ones, they
tend to érack uhder stress while blocking slip bands.

At low temperstures, the formatioh of g crack in a car-
bide paiticle can in turn nucleate cleavage failure of
the ferrite matrix. Even gbove the brittle range, these

particles can lower resistance to ductile failure as
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evidenced by a decrease in the upper shelf energy of the

Charpy impact curves.

The adverse effect of carbides on impact properties
can be beét eliminsted by attaining carbide free micro-
structures. This is possible only if ggrbon is eliminated
from the steel compositions or by lowerihg it to a suf~
ficiently low level so that'the volume fraction of corbides
ig at a minimum. There are indications that superieor
toughness of maragyng steols is probably due to the very
low carbon content (0.03 wt.%) preseht in them (122).

2.3.9 Aogtenite-Martensgite Constituent

The éppearance of such a constituent has been
reported in air cooled low carbon (0.1 = 0.2 wt.%)
molybdenum=boron stecl when its Bs temperature is de-
pressed below 625°C by the addition of Cr (119). The
martensite associated with this constituent occasionally
shows miero-twins thereby indicating that the carbon con-
tent of these régions couid be around etleast 0.5 -~
0.6 wt.% (119). The presence of retained austenite has
bien confirmed by x-ray diffraction (119,123). It has
been suggested thafithis constituent can form as a
result of an increase in the stability of localised carbon
enriched regions in parent austenite during cooling(119).

These regions remein fully gustenitic till they have

cooled below the Ms temperature. The My temperature of
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the carbon enriched regions could be below room tempera-
& . . ,

ture thereby resulting in the retgntion_of austenite.

The resulting microconstituent is thus a combination of

nartensite and retained austenite and hence the ngme.

The appearance of such a constituent adversely
affects impact properties of continuously cooled bainitic
sbeels. Its formation can be suppressed by.employing
rapid ¢ooling. A suitable tempering treatment will
reduce the adverse effect, associnted with the constituent,

to a minimum (119).

2.4 TECHNIQUES FOR DEVELOPING STRONG TOUGH STEELS

The different methods wuscd are:

i) Controlled rolling
ii) Ausforming
iii) Iso-Forming
iv) Hot-Cold Working
v) Thermal cycling

vi) Strain tompering.

2.4.1 Controlled Rolling

This is being increasihgiy used for producing
grain refined precipitation hardened structural stecls.

The different variables to be considered anre (1,4,124-128),

i) Soaking or reheating %omperature.
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ii) Time at reheating tempoerature.
iii) Amount and rate of deformation per pass

iv} Finish rolling temperature.

The first two factors detecrmine the solution rate

~of carbides, the third the amount nnd mode of deformation
and thea fourth alters the amount of precipitation and
nature of the microstructure on further cooling (4,124).
Strengthening occurs due to precipitabion during rolling.
The grain-size is determined by rceerystallization kinetics,
which, in turn, {8 controlled by carbide precipitation

in austenite. This, in turn, is controlled by the

factors listed above,

Another variable which may be associated With'con-
trolled rolling is intermediate holding periods to attain
desired roll finishing temperatures. The nature of
rolling schedule employed depends upen steei composition

and the properties desired.

2.4.2 pusforming

This technique consists of deformgtion in a meta-
stable austgnité bay before transformgtion to martensite.
The treatment, is, thersfore, confined to stoels having
suitable transformation-characturistics leading to 'bay'

formation.
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The variables gssociated with ausforming are (111,

129) :

i) Steel composition

1i) Austenitizing temperature
i1i) Austenitizing time
iv) Cooling rate to isothermal working temperature
v) Isothermal working temperature
vi) Holding time at working temperature
vii) Degree of working
viii) Rate of working
ix) Cooling rate from‘isqthérmal temperature

X) Subseggent treatment.

The ausformed microgtructure consists of lath marten-
site with fine carbide precipitate and ferrite-carbide
aggregate in the tempered condition. The main feature of
this.treatmeﬁt is that considerable strengthening occurs :
without o substantisl decrease in ductility and toughness.

Reasons for obtaining an overall improvement in mechanical

properties are:
. . c
i) Precipitation of ¢arbides in metastable austenite
inherited by lath martensite formed (130-132).
ii) Improved dispersion of carbide after tempering (1730)

iii) Increase in dislocation density {133,104)

- The requirement of a transformation 'bay' and large

degree of deformgtion limits the appli%ation of this
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process to only a few steels.

2.4.3 Isoforming

In this process, deformation is applied Quring iso-
thermal transformation to pearlite (117,118), Tempera-
tures involved in this treatment are higher than those
used in ausforming. The process oonsists of quenching
the bar from the auétenitizing temperature into a lead
bath and holding at the temperature of deformitioh. After
eacﬁ.pass, reheating is done, The process, thus, involvgs
the use of several cycles of glternate deformgtion and

reheating and could be considered too glow for large scale

production,

The iso-formed microstructure congists of a fine
sub~grain structure in ferrite matrix containing a dense
dispersion of spherical carbides (118). The impvovement
in strength and toughness igs due to the presence of
spherical carbide particles which besides strehgthening
also contribute to the stability of subgrain structure in

the ferrite matrix (118).

2.4.4 Hot=Cold Working

In this process, steel ig heated to the lowest
temperature of complete austenitization, severally deformed
and then transformed to martensite (71,116). The rate of
cooling affer deformation is critical and should be such

so as to cause recrystallization but ho grain growth,
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It has been suggested.that hot-~cold working derives its
strengthening ﬁainly from refined austenite grainvsize
produced by recrystallization after deformation e.g.

3 = 5 un compared with 10 - 60 um during conventional
treatments (71). A fine grained structure also contri-
butes to an improvement in toughness. The degree of
grain redinement depends upon the steel composition;

deformation and recrystallization kinetics.

This method is useful and could be applied to

steels which cammot be iso-formed.

2.4.5 Thernal Cycli

This process involves repetitive asustenitizing
treatments of short duration (71). The temperature of
austenitization is chosen to be the ninimum temperature
at which a fully austenitic structure can be formed in
the time gvailgble., In order to minimize grain growth
ahd the time necessary for heat transfer, austenifization
should be carried out by quenching into a lead bath or
a salt bath, |

This process utilises the grain refining effect of
austenite decomposition and the tendency for each of the
ferrite grains to‘re~transform t0 a single austenite
grain on re-austenitizing. The minimal holding‘time and
rapid heating and cooling reduce the possibility of grain

growth, The degree of grain refinement depends upon the
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number of cycles employed and the response of the alloy
under consideration., The resulting fine grained structure

loads to an overall improvement in mechanicsl properties.

2.4.,6 Strain Tempering

It cohsists of straining martensitic structure prior
to tempering treatment. This leads to a finer carbide
dispersion than normally obtained (135-138). An improve=~
ment in dispersion results in an overagll improvement in

mechanical properties,

2.5 CONCLUSION

A critical analysis of the above sections reveals that
unintended nicrostructural features, which adversely effect
ductility and toughness and which have their origin in
caibon content, do generally form in sgsteels. Their forma-
tion can, therefore, be avoided only by maintaining the

carbon bontent at the lowest permigsible levels.

From strengthening considerstions, the pgrameters of':
interest are (a) transformation induced strengthening from
lath martensite and, (k) precipitation hardening. Foreseeing
the different prohlems agsociated with precipitation hacden-
ing vig=~avis obtaining appropriate 1¢vels of’ductility-and
toughness, it emerges that low carbon lath gartensite has
potential as‘é 'primary! cqnstituent. The next chapter

is therefore, devoted to outlining the alternative approach
leading to' the design of new steel compositions based on
low carbon lath martengite.



CHAPTER - 1III

METALLURGICAL CONSIDERATIONS IN THE DESIGN OF NEW
COMPOSITIONS

3,1 THE ALTERNATIVE APPROACH

Certain deductions of design interest emerge frém
an analysis of the preceeding sections. Unintended micro-
constituents (secondary congtituents) may fpnm during the
attainment of the desired microstructure. Their forma-
tion caonnot be predicted withrcertainty from thermodynamic
and kinetic considerations. 1In most cases they have their
origin in the carbon content. Secondary constituents
adversely affect durcility and toughness and are difficult
to investigate. The remedy is to either eliminate carbon
in totality or to have it present in smounts such that the
possibility of obtaining unintend ed microconstituents is

reduced to g minimum,

From strengthening considerations, three mecha~
nisms are of interest. Grain ref;nament improves (i)
yield strength and (ii) toughness, particularly at
sub~zero temperatures. However, grain sizes obtained
in commercial practice do not result in significant
strengthening. Presence of precipitate particles can
lead to g large increase in strength, thereby adversely
affecting toughness. Transformation strengthening

from lowe- carbon lath martensite strueture may be
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said to'occupy a position in-between these two extremes
i.e..grain refinemént and precipitation hardening.
Utilization of a combination comprising of transforma-—
tion hardening and grain refinement was most likely to
result in“propertieS.énvisagéd earlicr (section 1.3) aﬁd
forms the basis of‘the presenf inveétigation. The exiot-
ihg practice is tolutilize a combination;of precipitation

,hardening_and grain refinement.

The alternatlve approach can be best utllized if

. lath martensite structure is. attained in useful sections

over g wide range of cooling raotes resulting in an air-

hardening steel. Controlled hot formlng of a such a
steel would facilltate the attalnment of the properties

env1saged The usefulness of this approach can be

Justlfleo as follows'
a) Possibility of obtaining a combination of high
strength and toughness from lath martensite.

b) Superior crack propagation oharaotefistics of
lath martensites compared to lower bainite.

e¢) Lath martensite exhibiting a much better resis-~
tance to delayed failure compared -to twinned-

mnartengite.

@) Elimination of quenching and tempering.
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e) Attainment of end requirements, particularly the

toughness, by controlled hot-forming, and,

f) Possibility of using one or more controlled hot-

forming processes.

In developing steels based on the above approach,

due consideration can also be given to
a) Possibility of substituting costlier elements.
b) Improvement in dimensional stability.

c) Eliminating the possibility of twinned martensite

forming in welded joints,
d) Oxidation Resistance.
e) Fatigue strength, and,

) Weldability.

Factors (b), (c), (d) and (f) are related to the carbon
2content and alloying elements present and therefore can be
controlled by choosing a proper compoéition. Fatigue
strength is related to toughness (section 3.2.2.5). The
implenentation of the ideg envisaged in {(a) would lead to

a saving in the production cost,

Having thus outlined the alternative'apprdach, 1t
would Qf interest to acquire comprehensive information on
the physical metallurgy of low carbon martensites (the
microcongtituent of interest) in the as-transformed state.

Other aspects e.g. structure-property correlation in the
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tempered étate have not been considered. This

has been discussed in the next section. Wherever
information on the physioal-metallurgy_of low carbon
martensite is not réadily available, relevént data on
lath martensites forming in other carbon~free systems has

been utilized,

3.2 PHYSICAL METALLURGY OF LOW CARBON LATH MARTENSITES
RELEVANT _T0_DEVELOPING NEW STEEL COMPOSITIONS

3+2.1 Formgtion gnd Morpholng

Lath martensite is formed gthermally at low carbon
;contents (section 2.2.1)., 1In view of this, the M
temperature is high (52~57,1%9,140) and results in the
retention of g negligibly small amount of sustenite
(52,58,141), Pregence of low carbon content necessitates '
addition of appropriate substitufional alloying elements
to ensure the formation of fully martensitic structure

in useful sections with relative ease.

The microgtructure of low carbon lath martenslte
has been differently described as massive or blocky
marten51te (52,142,143), bainite (144), bainitic
ferrite (3), Self~a380mmodating (49,50,145), need-
like (103,146), and 'scheibung' martensite (147). The
most commonly accepted description 1s, however, simply

'lath=like' or lath structure (146-~148).
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Prepolished specimen surfaces, on being transformed,
show characteristic surface tilts, A surface +ilt, unlike
in high-carbon martensites, corresponds to a packet of
shear plates. The jagged boundaries outlining the massive
packets or slabs result from different packets impinginé on
one another (145). The surface tilts on prepolished speci~-
men surfaces do not merely represent surface magrtensite
phenomenon (149,150) but are indicative of boulk transfor-
mations (145). Bach massive slab or packet consists of a
.bundle of elongated-platelete,'or laths which are appro-
ximately parallel and éf one single orientation (58,103,142,
151,152). The laths which do not always have planar inter-
faces and which may @ove—tail together to fill space (52,
145), are several microns long and may vary in width from

0.2 um to 2.0pm (52,10%,145),

The most complete description of the fine structure
of mgssive (lath) martensités, observed in Fe-C and Fe-Ni

systems, can be summarized as follows (52,153):

a) The basic structure is packet of massive martensite
and corresponds to a packet of a large number of

shear plates.

b) Blocks of different orientations constitute a

packet,
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¢) Blocks are separated by high angle boundaries and

nay occassionally be twin related.

d) Bach block contains an array of parallel laths of

5 single orientation called the 'matrix lathe', and,

@) There is 'a- possibility of another set or sets of
loths existing in 2 block having an orientsation

different from the natrix laths.

he earliest model conceived the formation of lath
martensife as occurring by platelet-by-platelet shear
that has propagated through the austensite matrix (52).
This effect was considefed'analogous to that produced by a
wave~fyimt moving throughi. sustenites, Experimental observations
supporting this hypothesis were (a) the change in direc-
tion of lath formation across a prior annealing twin in
austenite,and, (bj an almost complete transformation of
parent austenite (52,141). Subsequent to this hypothesis,
partitioning effect was observed in austenite with addi-
tional shear plates forming.in.partitioned austenite(153).
In view of this obgervation a modified hypothesis was
proposed. According to this, the lathg no ionger formed
adjascént to one another, The net effect still remained'
that of a phasefront moving throuzh austenite with the
actual process now qonsisting of parallel partitioning
of austznite and subsequent transformation (153),
Whether the shear plates formed singly or in pairs was

not commented upon (153). A systematic study of Fe-Ni
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massive martensites using hotstage microscopy, showed

that laths formed in groups of gt lea.'t two self accom-
ﬁodatiﬁg rlates (145). This experimental obsgervation
confirmed a theoretical prediction that laths usually
formed in pairs (50). Hence the name 'self a‘ccommodat-
ing' martensite was conceived (49,50,145). Interfero-
metric studies revealed that the interface between pairs
of gelf accommodating plates is undistorted thereby con-
firming the observation th>t laths formed in pairs (145).
For o further confirmation of the above hypothesis, the
progress of the transformation was observed by hot stage
nicroscopy employing cinematographic technique. This re-
vealed that the gusienite to mortensite trensformation
progressed by lengthwise growth of initially formed plates
and also by subsequent formation and growth of new

plates (153). Formation and growth of additional plates
occurred in discontinuoQus 'bursts' with several shear
plates making up a single burst. Occurrence of the trans-
formgtion in discontinuous bursts ascted as a strong

evidence of block formation (153).

It is nov well accepted that the habit plane of
nartensite bundles or slabs, surface shear markings and
individual laths is very close to {}li}y or cloge to
{110}0‘ and the long axis along <3L10>Y (49,50,146,
154-156) although in some instances irrational habit

planes = {?l?}a have also been reported (157,158).
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{;ll ., oOor 110 being slip planes, it is to be
expected that‘lath martensites will deform relatively
easily in comparison to a microconstituent which has an
irrational h-bit plane 2.z, {?25}7 or {?5%}Y in twinnad

martensitz.

The sub=-structural laths tontsin a high density of
random é¢islocations or n2t works of low anglz disloca-
tion cz2ll walls (49,103!151;156). The dislocation cell
structurs may rzpresent an early sitage in the recovery
of transformation induced dsformation (159). Until
recenély, it was believed that lath martensite is always
dislocated and plate martensite twinned but this may not
be so (160,161). It wos pointed out that driving force
alone is not 2 sufficisnt criterion to explain the transi-
tion from dislocated to twinnsd martensite in steels,

This iCes was conceived while exrlaining a similar transi-
tion in Fe~C and Fe~N systems (142). In addition to the
effect of composition on driving force, it was ecually
vital Lo consider the effect of composition'on critie
eally resolved shear stress (CRSS) for slip and twinning
(160). 1If CRSS for twinning is less than that for slip

at the temperature of mortensite formation, twinned
mértensite would almost certainly form and vics-~versa
irrespective of the martensite morphology. Thus, it

was no longer possible to assume that lath martensite

would be dislogated and the plate morphology twinned,
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In fact there is evidence of twinning occurring in lath

martensites in the literature (52,146,160-162).

3.2.2 Strengthening Mechanisms

Different factors controlling the strength of mar-
tensites may be summarized as (162):

i) Interstitial solid solution Hardening

a) Carbon content ii) Precipitation during quenching

b) Substitutional elements
¢) Sub-structure - i) Pislocation
ii) Twinning

d) Plate or lath size.

The effect of interstitial carhon content on
strength is very large. It is now well accepted that the-
'carbon effect' is made up of two components - éolutioﬂ
hardening and precipitation during quenching, their cone~
tribution to the strength being nearly similar (138,163-
165)., Considering the solution hardening component
first, although a line~r relationship betweoen flow stress
and nge root of carbon content was initially proposed
(138,163-165)," the square-root relationship, sugzested
later, is regarded as more authentic since it fits in
with the experimental observations better (166). This
relationship has since been confirmed by many investi-
gators (103,167-169). The slope of the linear plot for
twinned martensite is siightly higher than that for lath
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martensite (51,151,169). Short range interactions
involving carbon agtoms gnd dislocations give rise to
solution hardening in both lath and twinned marten-
sites (168). o

The remaining half of the contribution from the
carbon content arises from precipitétion dﬁring quench~
ing (165). The extent of precipitation is governed by
the MS temperature and cooling raté (169). In view
of Bigh M_ temperatures associated with lath marten-
sites, extensive precipitation or segregation occurs
during quenching and this.wouid make>ajméjor contribution.
to the strength of lath martensites (169). The marked
inereases in strength is associated with very small par-
ticles of cementite which appear tb form on dislocatioﬁs
(169). The particles have been related to the matrix by
the Bagar&atski/Pitsch and Schrader orientation o
relationship (170,171).

.The martensite plate/lath size is important in
relation to strength and could éontributevsignificantly
at low carbon confents (159). Martensite cell thickness
was shown to be influenced by carbon dontent. At very
low carbon contents (0.001-0.002%), the cell-thickness
decreased from 0.5 K, observed in the oarbon-content
range of 0.02 to 0.2%, to a value around 0.25 um (103).

- The deviation of the hardness dafa ffom the (C)]'/2
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relationship (110) and a sudden change in cell size(103),
occurred in the same carbon content range., This data |
reflects the strong dependence of martensite strength

on the cell or lath size particularly towards very low
carbon contents, similar t0 the dependence of the strength
of cold worked iron on cell sige (159). A similar range
of cell sizeé'(o.zs - 0.5 um) exists for martensite |
(Lath and twin) in Fe-Ni system at all concentrations of
nickel below 33%. This indicates that the lath size is
more or less constant‘and appearsuto be independent of
conposition and thermal treatment. Considering the

likely carbon contents attainable in conventional practice,

martensitic lath/plate size strengthening is not unduly
important (51,13%8,163),

A yet anothef factor to be conéidered is the pre-~
sence of substitutional elements in solution. Earlier
studies indicated that this céﬁtribution was véry small
in nagnitude (165). In a subsequent study on an Fe-20 Ni
alloy showing lath martensite structure, it was shown
that solid solution hardening effect of nickel accounted
for three quarters of its strength, the'reméihing contri=-
bution coming from the presence of substructure (151).
Further, investigations on the s ame alloy, however,
showed th#t the contribution of s0lid solution hardening
is only 35% (172). The discrepency in the two findings

arose because the siructures reported in the earlier.
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study (151) were perhaps not fully martensitic (172).

A conclusion similar to the one arrived at in one of the
studies (172) has also been arrived at by reinvestigat-
ing the Fe=20 Ni-0.02C alloy after correcting for cell
thickness (103).

The austenite to martensite'transformation involves
a,microgcopic change of shape and inhomogecneous shear
(49,505. This inhomogeneous‘&eformation results in eone
form of deformgtion sub-structure within the martensite
plates/laths. Normally,lthe mole of shear in lath mar-
tensite is one involving slip (505.- This results in a
high dislocation density within laths. The disloc%tion
sub=gtructure is usually agrranged in the form of cells
(49,103,151) and may represent asn early stage of recovery
of transformation induced deformation (159). The plate
martensite usually has a twinned sub-structure (49,50,
103,145,146,151). Some. of the earliest indications that
subustructure”may contribute to strength came as early
as 1960 (146), Tt wa.s subseqﬁently shown that in Fe-Ni
magsive mgrtensites, the contribution of sub-structure
to the strength remained fairly constant and was of the
order of 2§~30%’(151). However, later studies revealed
that the sub-structural contribution could be well above
40% (10%,172), The first quantitative estimates
indiéated that for low carbon martensites, the contribu~

tion from dislocation sub~gtructure was likely to be of
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the order of 50-100 HV, i.e. about 10-20 tsi (51).
Hoﬁever, a more rectent study,has revealed that the role
of dislocation densify vis-a~vis the strengfh has been
und er-rated (173). It was argued that the interstitial
soiid solution theories based on short range interaction
of carbon atoms with dislocations are inadequate because
such interactions would provide a thermal'barrier rather
than an athermal one. Thus the slope of the £low sfréés
vs (0)1/2 curve should be temperature dependent whereas
"this is not supported'by experimen tal evidencé. It has
also been ahown beyond dogbt that nearly 90% bf carbon
in lath martensite is segregatef to defects i.e. not in
solu¥ion (172). - This led t6 the suggestion that an
alternative mode of stréngthening exiated (173). It was
proposed that carbon out of solution must be affecting
the dislocation density in some way, In fact as the
carbon content was varied from 0.01 o0 0.1% (increased
ten~f0ld), the amount of ¢arbon in sqlution was estimated
to be nearly bonstant. Also, the dislocation density
varied 1inear1y‘with carbon content and a plot of flew
stress Vé ~dislecation denéity-(?)l/z af 77*K and
250°K showed a linear relmtionship. The intercept at
P'z 0 was not zefd and COerSpoﬁded tb the thermal
component of the applied stresa, These observations
confirmed that the strength of martensites depends

upon d;slocatidn density which in turn is influenced by
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carbon out of solution. The effect of carbon en
strength was thus an indirect one. A point in favour

of this theory is that if it were to be true, the changs
in slope of @ vs (0)1/2 curve with temperature, should
be.very nearly constant. Since the shear modulus varies
only 5% between 770 and 250°K, a conclusion consistent
with currently available experimental evidence, it is

likely that this theory is correct (173).

With the possibility of ‘winning occurring in lath
martensite, e brief mention of the effect of internal
twinning on strength is necessary. After several con-
flicting opinions it has been concluded that twinning is
important only in the presence of carbon (51,61,138,163,
165,166,169). At a given carbon content, twinned mar-
tensite has higher strength than la%h martensite. Twinned
martensite, unlike its lath counterpart, can be fuith;r

strengthened by artificial ageing (169).

3.2.3 Auto-Tempering

As a conéequence of the high' Mg fempefature
'associated with igw carbon steels, the first formed
‘martensite laths temper during quenching. This is known
as 'auto-tempering (104,105). Thin.foil electron micro-
scopy revealed that ceméntite is re jected within laths

.in the form O0f plates and carbide layers along lath

boundariece (105). The auto-~tempered cementite appears
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as plates 100°A wide and 1500 A° -long and disposed in

a Widmanstatten pattern (105). Alloying elements
generally depress Mé temperature, thereby leading to
a decrease in the amMount of auto-tempered carbides and

to a minimization of sub-bounuary carbide films.

3.2.4 Conclusign

Physical metallurgy of low carbon martensites
rélevant to developing new compositions has been reé
viewed. The fundamental structure is the 'block' which
~contalns a set of nearly par=llel laths. Deformation
behaviour of lath martensites would be governed by i)
the hiock size, ii) the lath size, (iii) austenite
grain size,and, (iv) the relative mobility of the dis-—
locatlien substructure within laths which is governed by
the volume fraédtion of autotempered carbides. The habit
plane ¢f laths being close to {}JJ}Y or {}J@}a is
favourable from the point of view of .obtaining-an improvement
in %hé ease:of,deformation. Factors controlling the
streﬁgth Of low carbon lath martensites are « precipita-
tion during quench, solution hardening and sub-structural
hardening. At low carbon contents, the magnitude of the
solution hardening would be small and the volume frac-—
tion of the precipitated carbides, formed during'quench-
ing would Y%e at a minimum. Sub-structural strengthen-

ng would fthen become the major source. In order that
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low carbon martensites could be beneficially employed,
the éarbon content should be so ad justed that the
possibility of the formation of lath boundary carbides

is excluded,

3.3 PARAMETERS IN THE DESIGN OF ALLOYS

3.3.1 Carbon Content

The effect of carben content on the strength,.
ductility and toughness in the quenched and quenched and
tempered (Q and T)oeonditions has already been reviewed.

Presence of carbon can lead to :

/

-

i) Attainment of auto-tenpered carbides within laths

and along lath boundaries in quenched steels.

~ 1i) Possibility of attaining the undesirable A-M con-
stituent in the air~cooled bainitic steels even

when the carbon content is low (~ 0.1 - 0.2%).

1ii) Possibility of attaining elongated carbides separating
bainitic ferrite wogions in air-codled  bainitic

¥

‘steels,

-

iv) Possibility &f obtaining a variation in carbide
siié, SQapé and distribution in gquenched and

tempered steels.

v) Possibility of forming twinned martensite in welded

joints even when the carbon content is as low as

0.1 - n 9%
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Factors (i) to (iv) adversely affect ductility and
toughness and factor (v) chn bring about a premature

failure in the welded jointas.

From the above, it can be deduced that in order to
attain appropriate ductility and toughness in the as-
transformed condition carbon shouId be eliminated from -the
steel composition, However, this is neither technically
feasible nor economically viable., Therefore, carbon
should be kept down te as low a level as possible. The
basic philosophy involved envisgges elimination of auto-
tempered carbides (lath boundary as well as the ones
precipitated inside laths) from the microstructure and
thus reduce their harmful effect on ductility and tough=—
ness to a minimum. However, lower the carbon content,
higher is the MS temperature and greater the possibility
of obtaining autg—tempered carbides, Thus, two contra-
dicféry factors operate simultaneously, Complete elimi-~
naiion of the carbides from the microstructure is,
therefore, not possible, All that can be achieved is a
reduction in their volume fraction to such a low level
thot the associated harmful effects are reduced to a
minimum. The conéequent loss in hafdenability would
have to be made up through balanced additions of sub-
stitutional elements in a way that a large substructural
strengthening is achieved without polygonal ferrite forming.

There is some : = evidence that such an approach may
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result in steels attaining excellent mechanical pro-

perties (122,148,175).

3.3.2 Alloying Elements

Alloying elements influence mechanical properties
of steels through their effect on the phase transforma-
tion behaviour of austenite, These cffects are now
fairly well understood (176-180) and enable a proper

selection of elements for'a desired application.

5.3.2.1 Hardenability considerations

Bxcept aluminjum, titanium and cobalt, all other
commonly used elements enhance hardenability to a varying

d egree,

Most carbiée forming elements, when in solution,
markedly enhance hardéhability, small additions of vanadium
and tungsten being more effective. Molybdenum contributes
to.hardenability very significantlyard in amounts upto 1%
is more effective than either tungsten or vanadium.
Niobium in small amounts greatly influeﬁces the harden-~
ability of low carbon steels (181). Phosphorus in small
amounts has a marked effect on hardenability and since
the harmful effects from the presence of phosphorus are
greatly reduced at ‘low’ carbon contents (96), this may
be an element of interest., The hardenability contribu-

tion of chromium and manganese is similar for the same
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amount of alloy addition. However, manganese has a low
price and therefore, very useful in enhancing harden-
ability at a moderate cost. Nickei and silicon influence
hardenability only moderately. In fact it is for this
‘reason that nickel is useful in compositions intended to
be insensitive to rapid cooling and ié a nécessary

ingredient in low distortion steels.

| Boron significantly enhances hardenability when
used in very smell amounts ~ 0.003% to 0.005% (176). In
combination with about 0.25_— 0.5% molybdenum, it
completely supresses the formation of polygonal ferrite
in cbntinuously cooled bainitic steels (3,47). It is
thus a very useful element. Copper also enhances the
hardenability of low alloy steecls but has more useful
applications in the quenched and tempered conditon

(secfion 3.3.2.3).

The discussion so far has been concentrated on
shifting the I-T/CCT curves towards slower transformation
ratess An equally significant aspect of hardenability
control involves an apprepriate lowering of the trans-
formation temperatures. Austenite stabilizers, nickel
and manganese,which markedly -lower Ay  temperature,
are worthy of cqnsidération. The extent to which trans-
formation temperature is lowered by manganese and nickel

additions can be found out from the corresponding alloy
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diagrams. A comprehensive study of the Fe-Mn .
and Fe=Ni systems ‘fQU’Q&LS M?

i) Thermal hysteresis ocours.during the y - « transf.in
the presence of both manganese (182-187) and
~ nickel (143,151,172,182).

1i) As the alloy content increases the degree of
thermal hysteresis increases fo an extent that

austenite transforms to. a' in preference to «.

iii) o' (bee) is formed by shear and is called as

massive/lath martensite, and,

iv) The amount of manganesé required to produce mar—
tensite in useful sections at moderate cooling
rates (185,187) is much less compared with the
corresponding amount of nickel (143,151),.

The martensite thus formed is much softer and

tougher compared with the conventional carbon martensite.

2.3.2.2 Solution strengthening

As has been previously noted {(sec. 3.2.3), the
strength of mertensite is mainly attributed to (a)
carbon in solid solution (b) substitutional elements in
solid solution,(c) dislocation density ,(d) lath or
prlate size,and,(e) carbide precipitation during quench-.
ing. In the present context also, the strength of -

nartensite would depend wpon all these factors. Thg\
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choice and amount of carbon content and alloying elements
is going to be determined by other considerations namely
hardenability and toughness. 1In view of this and the
deduction that in low cgrbon martensites the major con=-
tribution to the strength would result from the densé
dislocation substructure, it was decided not to make any
special attempt to increase the strength of martensite
over and above that inherent to the composition being

d evelqped,

3.3.2.3% Ductility and Toughness

Differént parameters which improve ductility and
toughness namely a low carbon content, a fine grain size
and sub=-grain size, low sulphur, phosphorus, oxygen and
hydrogen contents and a uniform carbide size, shape and

distribution have already been discussed.(Chapter-II).

Nickel and manganese are the only two elements
which improve both the notch impact properties as well
as room temperature yield strength of low and medium carbon
gtecls. HoweVar,there is a basic difference in the mecha~
nism by which manganese and nickel improver low tempera-
ture toughness (188). The transition temperature of rufe
‘iron was slightly below that of the Fe-1.8 Mn alloy in
the absence of carbén. Raising its (Fe~1.8 Mn alloy)
carbon content to 0.04%C resulted iﬂ a marked reduction

of about 70°C in its transition temperature. This was
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attributed to the refinement of grain-boundary cardbidcs
brought about by manganese additions. However, addition
of 3.3% Ni %o ifon resulted in a decrease in the transi-
tion temperature by about 55°C irrespective of whether

or not 0.04% carbon was present., Metallographic examina-
tion confirmed this result since the nature and size of
carbides in Fe-0,04 C and Fe=3,3% Ni-0.04 C alloys #gg
found to be the same., This observation contradicted

an earlier observation that ﬁickel does affect carbide

thickness (189).

A further investigation in this direction gave a
better insight into the effect of nickel on low tempera-
ture toughness {190). The transition temperature. of
carbon free iron ﬁas found to be 60°K and that of carbon
free Fe~3.28 Ni,alloy 127°K. When corrected for grain
size, the difference due to nickel content was of the
order of 56°K. More detailed experimentation revealed
that Fe~3.28Ni alloy, which was stronger than pure iron at
room temperature, had a lower yield strength than pure
Fe in the temperature range 200 to 100°K. A\similar
behaviour was obsefved with regard to the strain rate
dependence of yield point. It was postulated that this
’effect may be due to.the\gelative ease of cross slip in
the Fe-~Ni alloy, Wavy sliﬁ traces in Fe-Ni alloy,
indicative of oross slip, confirmed this reasoning.

Wavy-alip traces in Fe-Ni alloy werec observed down to
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at least 50°K but gave way to planar-slip below 130°K

in pure iron. A better ease of cross=slip in Fe-Ni alloy
meant a reduction in the femperature dependence of yield
 Stress and a low Ky value in the Hall-Petch relationship.
‘This resulted in gn increase¢ in the resistance to bfittle
£5ilure (31). Presence of stable microcracks in.Fé-Ni
alloy at températures as low as 40°K, supported this
reasoning. Sﬁch a behaviour was not observed in pure

7 iron.' Thus nickel_additions impréved toughneés by imfrov—
ing the ease of deformation at low temperatures. Whereas
the boneficial effect of nickel is independent of the
carbon content, mangénese is effective only in the prescnce .

of o minimum of ~0.04% C.

The observation that nickel additions increase the
SFE when added to steels (61) indirectly supports the
above mentioned experimental observations. If this ex<
planation is accepted, then'it is possible that the lack
of toughening efféct with manganese additions can be
similarly cxplained. Manganese additions infact reduce
the SFE (61) thus decreasing the probability and ease of
cross slip. This explains the lack of toqghening effect
when Mn is added to pure iron, In the presence of carbon,
a high Mn/€ ratio is desirable‘to improve low tempera—

ture toughness,

Molybdenum has been shown to improve the toughness

of marageing steecls by minimizing the deleterious effect
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associated with grain boundary precipitation and segre-
Ml

gation (389). This is relevant to the present context

since it is desired that at = least the lath boundary

carbides be eliminated from the microstructure.

The effect of copper on toughness cannot be éeparated
from its effect on hardenability in low alloy steels.
If the alloy content ié such so aé to encourage transfor-
mation to bainite, then impadt properties are adversely
affected (38). Little effect was observed in martensitic
structure (38). 1In éhe guenched and tempered structures,
the hardenability effect is bencficial in promoting a more

complete transformation to martensite (38).

Effect of boron on toughness is not very

clearly understood. In Mo-B steels,slow cooling tends

to produce poor impact properties through a mechanism of
grain boundary decohesion caused by the segregation of
boron to the prior austenite grain boundaries (119).

The harmful effects of boron appear to be less pronounced
at 'low' carbon contents (119). Hence caution must be
exercised in using boron although it is a useful element

in supressing the formation of polygonal ferrite,

Chromium and silicon increase the o component
in the Petch relationship and therefore induce
brittleness (192). However, with the applic-tion of

controlled rolling, silicon may be utilized in relatively
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larger proportions (124), Additions of upto 0.,4% silicon
lowered the impact transition temperature of 0.17%C,

©1.,0% Mn steel in the 'as-rolled' condition. Larger amounts
however, led to a deterioration in toughness. If the
nitrogen content was kept low, the limit of usefulness

~ of silicon could be extended to 0.87% without unduly impair~
ing-:~ _impact propertzes provided low roll-finishing

temperatures were employed (124),

" 3.3.2.4 Yolume changes

Volunme change at thelA,c3 temperature has a consider-
able influence on the susceptibility of a steel to quench=
craéking in that it can dircetly affect the volume ex-
pansion at M, temperature 'on rapid cooling (22). A
decreame in volume contraction at jg3 would mipimise the
susceptibility of a steel to quench-cracking and to
surface cracking induced by rapid heating and cooling.
Silicon and molybienum additions are beneficial in this
regard (22,164). Manganese, nickel, cobalt and especially
- chromium have just the opposite effect (22,164).

3.3.2;5 Other Requirements

Weldability is a factor of primary importance.
- Many cracks which lead to brittle failure in welds
begin ih the weld or the heat-affected zone HAZ (13,
193%198). Weldability refers 4o the satisfactory
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welding of two pieces and would depend upon a large
nunber of factors such as size, shape, degree of con-
straint, and welding electrodes.,- It is determined in a
simplified form with the help of the carbon equivalent(CE)

formula:

CE = c+‘1‘-’gl+9.. +%Q+V+N1{cu

The CE gives an indirect measure of the embrittling
constituents that can form in the HAZ (13,194). This |
tendency is related to the composition of steel., The
higher acceptable level of CE for obtaining satisfactory
welds in high Strength steels is betweenAO.4l - 0.45;

An important limitation of the carbon equivalent formula
is that it is not a universal one and is applicable only
to those types of steels which were used for its deriva=-
tion (194). 1In developing weldable quality steels, the |
main criterion is that 'fwinned' martensite should not
form in the HAZ since it has the highest embrittling
.index amongst the acicular micro=-structures in steels(194).
The possibility of twinned martensite forming is ruled
out if The carbon content is.kept very low. A rcduction
in volume chaunges associated with the « —» y and
reverse transformations would also indirectly contribute

towards an improvemént in weldability.

Appropriate fatigue strength is a desirable

requirement for components which are eifher continuously
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operated or intermittently over—loaded. It has been
shown that in steels exhibiting brittle fracture, macro-
scopically visible cracks did not appear until a later
stage in the fatigue life (196). However, these cracks
were unable to prapagate to any significant extept
before rapid unstabhle crack propagation caused complete
and dataétrophic brittle fai;ure. In steels exhibiting
a substantial amount of ductile or tough fracture,
fatigue cracks are initiated quite early in the fatigue
life but they propagate slowly to considsrable depths
before final rupture occurs. The fatigue life of
tough steels was shown to be almost four times that of
steels which exhibited only a small amount of tough
fracture (as indicated in the room temperature iﬁpact
tests). The importance of toughness in relation to the
fatigue strength is thus evident (196). |

3.4 DESIGN OF FINAL COMPOSLTIONS - FORMULATION QF __THE
PROBLEM

A good martensitic hardenabdlity is the basic
requifement in developing an airfhardening composition.
At carbon contents low enough to exclude the poséibility
of (i) any significant anount of auto-tempered carbides,
‘and, (ii) complete elimination of lath boundary carbides,
‘martensite and bainite become structurally indi?tin—

guishable. Therefore, elements which normally promote
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the formation of bainite and martensite, namely V, Mo,
B, Cr and Mn, are useful additions. The main problem
with Cr, Mo and V additions is one involving segregation
and so a close control over the composition is required
(197). The usefulness of Mn in improving hardenability
at a moderate cost has already been discussed; Nickel,
although not as effective as manganese in reducing the
critical cooling rate, is nonetheless useful since it
significantly lowers the A; temperature., However, keep-
ing the likely carbon level (maximum permissible
(34;0.05'to O#%6%)in mind, it can be argued that the
beneficial effect of ferrite stabilizers on hardenability,
irrespectivé of their carbide forming tendency; would be
at a minimum. Thus, the only viable . alternative to
improve hardenability at very low carbon contents is to in-
corporate an austenite stabilizer in the composition.
The two promineht austenite stabilizing elements are Mn
and Ni. From the point of view of improving low tempera-
ture toughness, the choice is once agaiﬁ between Mn and
Ni. Thus selecting either of them is inevitable,
Manganese has been preferred over nickel besause (a)

the amount of manganese‘required to produce an air-
hardening composition is much less than the corresponding
amount of nickel, (b) it would improve toughness at

the carbon levek likely to be chosen (~0.04%), and, (c)

has a2 moderate cost (section'3.3.2.5).
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Having thus chosen manganese‘as\the ma jor alloy-
ing element, it is now vital to choose other element/
elements so as to produce the desired microstructure
keeping in mind fhe property requirements outlined in
section 3.1, First preference would be for elements
other than Mn and Ni. W, V, Mo, Cr, B, Si and phosphéruseue
,therefdre some of the likely additions. Both boron
and phosphorus can be actively considered since very low
_ carbon levels are intended to be used. The following
'axe sone of the alloy combinations that can be conceived

with manganese gs the major alloying clement :

M - Mo
Mr - 81
Mmoo~ Op
Mn - ¥

Mn =~ P - Mo
Mn - Mo =~ ~Cr
Mn - Mo - §i
Mn - 8i - Cr

VIt may bg mentioned, in general, that the présence
of elements other than Mn would also enhance harden—
aﬁility but only, marginally. Different clements in
solution would als0 additionally contribute to the
: strength although it has been decided not to make any
specigl efforis to raise the strength level ever that
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inherent %0 the composition being developed. Tungsten
and Vanadium have not been considered since they are
better utilized for more specialized applications such
‘as creep resistance and aléo because 1t is not intended
to utilize precipitation hardening. From the remaining
ones, molybdenum is useful since it reduces volume
cha&ges aasociatéd with the_ @« % vy and reverse trans-~-
formations(22,164) and improves toughness by eliminat-
ing the tendency to .grezin boundary precipitation and
segregation (191). The only.disadvantage is its high
cost. Chromium additions primarily affect solution
s¥rengthening, Silicon has been extensively used in
low alloy steels (both 'rolled'as well as 'quenched and

~ tempered’) in amounts not exceeding 0.3%. However, it.
now appesrs that it can be utilized in relatively larger
amounts (section 3.3.2.2). In view of this, the other
benefits from silicon additions, namely,a delay in the
martensite breakdown and an increase in the temperature
of breakdown (21,23), a2 reduc tion in volume changes
associated with the « - Y and the reverse transfor-
mations (22), a decrease in the absorption of electro-
lytic hydrogen in low alloy steels (198), a reductioﬁ
in the lattice parameter of ferrite on guenching thus
giving additional strengthening (199) and a moderate
cost, can be utilized to'advéntage. Hence the combi=-

nations Mn - Mo, Mn = Cr and Mn - Si can be suitably
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justified, The utilization of Mo - B combination in
sﬁpressing polygonal ferrite formation in bainitic

steels is already well known, The combination Mn~Mo-B,hence,
is relevant to the present context since martensites

and bainites are structurally indistinguishable at very
low carbon contents. Further, harmful effects associated
with boron segregation to grain boundaries are also at

a minimum at very low oarbon contents. The Same~is

true for phosphofus additions. Therefore, the benefi~
cial effects of a véry small amount of boron and phos-
phorus on hardenability and therefore the strength can
be additionally utilized to advantage. The Mn-Mo-B

and Mn-P combihations are thus appropriately suggested,
Justification for the remaining combinations follows

as a corrolary to the above discussion,

Having thus laid down the basic prerequisites for
attaining 1ath'structure with relative eaée over a
range‘of section sizes, it is now necessary to concen~
trate on the remaining element of alloy development,
namely,grain refinement. As has been outlined earlier,
this is primarily aimed at improving toughness over
and above that inhérent to a very low carbon composition,
}The Simplest way to achieve it is by resorting to con-
trolled hot forming (controlled rolling). The only
effective method of retaining the beneficial of control-
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rolling at room temperature is by'using a grain refiner,
The three possible choices are Al,. V and Nb. In the
presence of Al, it is vital %o énsﬁre that 'free' ni-
trogen is at a minimum (Chapter II). Also, Al can only -
be added to a ‘killed steel! resulting in a reduced yield
(Chapter II). Vandium, is not a powerful grain-refiner.
The natural choice is thereforé, niobium. It can be
added to a 'semi-killed® or a 'balanced! steel, A further
advantage is that it supresses the formation of polygonal

ferrite,

3,5 SUMMARY.

The work reperted in this thesis relétes to t he
transformation behaviour and mechanical properties of
alioys belonging to the Fe~Mn-Si, Fe~Mn-Si=-Nb and Fe.
Mn-3i-Mo-Nb systems, Main features of these alloy
systems have alréady been highlighted. The work was

pPlammed in the following manner:

Phase T

a)- To QCquire inTormation on the range of mechanical
properties that can be obtaided in Fe-Mn-Si steels
in the heat treated condition, starting with a
ninimum of earbon, manganese and silicon contents
snd varying them to an extent admissible in a low

alloy composition,
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b) Obtain guide-lines'for designing air-hardening

compositions containing Fe-Mn-Si.

Phage II

a) To =hudy the effect of controlled hot-forming
(rolling) on the mechanical properties of air-
hardening Pe-Mn-Si steels in the presence and
absence of a grain refiner (Nb) at two different
carbon levels.

b)Develop a modifigd air-hardening composition

based on the Fe-Mn~Si-Mo~Nb system and to investi-
gate the effect of rtontrqlled hot-forging on its

mechanical properties.

" Rhase III
Postulation of strengthening mechanisms based on:
a) A critical analysis of the results obtained and
the data already awmilable, and,
b) X-ray diffraction studles.
Experimental techniques employed in the present

investigation have been deglt with in detail in the

next Chapter, .



HAPTER~ IV

EXPERIMENTAL TECHNIQUES AND PROCEDURE

4.1 MELTING

Raw materiais used for melting consisted of
electrolytic sponge iron or g low=carbon commercigl
iron, refined nickel shots, manganese flakes, silicon,
molybdenum and niobium metals., The analyses of the
sponge iron and low carbon commercial iron is reported
in Table 3.1, The ngin impurity in the sponge 1ron
being oxygen (~0,05%), allowance for 1oss during meltlng

had to be can31dered

'
}

Both vacuum and air melting techniques were employed
forvmaking alloys used in this investigation. - The charge
was placed in a clean aluming crgcible forAméiting down
in o ;Radyne" induction furnace. The initsél heating
prior to melting was carried out under a vacuum of the
order of 1 ~-2x 16'3 torr. Once meiting began, argon
was ip%foduced into the furnace to reduce the splashing
of +the charge. When the charge was fully molten the
furnace wa§ reevacuated to allow'a boil to take place.
Subseéuent to the b01l, argon gas Was readnitted,

'After holding to alllw for homogenizatlon, the alloy was
then capgt into ,~25 nm and ~ 50 nm dlameter ch;llgmoulds.
The piped materials ﬁas cut from the top of the iﬁg@t

and a mection approximately 8=9 mm thick was cut from
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the bottom of the ingot for analysis. The air induction
melts were magde by the argon—oxygen process snd cast as
~ 115 mm square ingots (200). As before, the piped

mgteriagl was Qut from the top and g thin slioe, cut from

the bottom, was sent for chemical analysis.

Analysis for carbon was carried out conductime-
trically and 511 other elements were determined by Quanto-

neter and chemical snalysis.

4

4.2 MECHANICAL WORKING

Vacuum melted ingots were reduced in section to

a suitable size by hot-rolling and hot-forging.

The preliminary alloys (~ 0.01% C) were homogenized
at about 1150°C for two hours prior to being hot rolled
to aboqt .7 10 mm dismeter bars., They were further reduced
to a_‘6.5 mm diameter by cold swaging. However, in case
of 0,03 C manganese silicon alloys, the reduction from
about . 10 mm to - 6,5 mm_‘diang'e'ber was accomplished in

several passes, by hot swaging.

Alr hardening compositions containing ménganese,
silicon, molybdenum and: niob:'gum were investigated' in the
rolled and forged conditions. Details regarding the
different variations of hot rolling/forging schedules

employcd are given in Chapter=-6,
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4.3 HEAT TREATMENT

Heét~treatments employed in the frésent investiga~-
tion involved gquenching, air-cooling and-furnace—cooling_
from temperatures ranging from 800-1200°C. Controlled
}cooling,experimenfs were performed on a dilatometer. Heat-
treatment of specimens was carried out usiﬁg either a

vacuum-vertical tube furnace or a muffle furnace.

Tensile specimens were heat-treated in batches in
metal Jigs or in special hangers designed to keep them
individually separated. |

Temperature was measured using Pt/Pt-13% Rh or Chromel-

alumen thermocouples and was controlled to within 1—500.

4.4 MECHANICAL TESTING

4.4.1 Hardness Testing

Hardness testing was extensively used because it
provided a quick and reliabie indication of the effect of
different heat treatments on mechanical properties.
Hardness measurements were carried out on a Vickers'
hardness testing magchine, The load usﬁally employed was
of 30 kg. For very thin specimens, used-in the investiga~

tion of preliminary alloys, lighter loads had to be
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used, these are indicated within brackets by the side

of the hardness values obtained. Each hardness value
reported is generally the mean of at least five impressions.
Whenever the scatter was more than 8-10 HV, the hardness

reported represents an average of gbout 6-8 impressions.

4.4.2 Iengile Testing

Tensile tests were performed on an Instron machine
at cross—head speeds of 0.05 cm/min and 1.0 cm/min,
Differgnt standard specimens ﬁere ugsed during the investi-
gation, For phe preliminary alloys, single shouldered
Hounsfield No. 10 tensile specimens were employed. waf
ever, for further work, double ghouldered Hounsfield No, 11
and 13 tensile specimens were used to ensure that fracture
occurred over the gauge length., The use of an adapter
allowed Hounsfield grips to be used on the Instron machine.
In certain instances cylindrical specimens were also
employed. These could be tested with the help of standard
grips supplied with the mgchine, For the preliminary
alloys, épecimens were machined from rolle@/swaged'bars
and then heat-treated as described éarlier. ‘No heat
treatment was necessary for the finai alloy compositionS"
as the specimens were tested in the as-rolled or in the
as=-forged condition, The yield/proof strength and ultimate
tengile strength‘values were calculated from the lowd
extensgion curves, Percentage elongation values were

obtained by Prlacing t he
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fractured specimen together and remeasuring the extended

gauge langth.

4.4.3 Impact Testing

The notched impact values wore obtained at ambient,
sub-ambient and high temperatures on a standard Choryy
machine. In view of the small laboratory melts used to
investigate the prelirinary alloys, it was necessary to
use sub-standard gpecimens - involving a minimum of
materizl., Sections « %6 mm long were cut from the bars,
heat treated and speéial sub=~standard F.t—lmrpy spegimens (’Kﬂ%’gt"e)
{ P&e<d4+r3i mnchined from them. These wers then testedAin
ncocordance with the ASTM/BSS/ISI specifications, No
loads were uged on the hammer striking the specinen
being tested. This meant that 211 the values {ndicated
on the scale were halved to obtain the final values for
the energy absorbed, Tor the final ss~rolled and as—
forged specimens,the impact values were determined using
standard Charpy specimens with the hammer, striking the

specimen being tested, fully loaded.

For impact tests involving high temperatures
(upto ~200°C), an oil bath was used. This was kept con=-
tinually stirred so as to ensure a homogeneous tempera-
ture distribution threughout. An arbitrary superheat
of approximately 5°% was given to all specimens tested

above room temperature. For the low temperature work



84

two types of baths were used;i)ﬁne involving a mixture

of solid carbon gioxide and industrial methylated spirit
in wvarying amounts was useful in the.temperature range
extending from room temperaturz down to ~‘70°C; ii) “between
- 70°C and - 150°C a well agitated mixture of Isopeﬁtane/
Methyl Cyclohexane and liguid nitrogen {n varying amounts
wag§ employed, the temperature heing measured with on
aleohol thermometer. An arbitrary under cooling of
approximately - 5°C to - 10°%C was given t0 all specimens
tested below room temperature to compensate for heat
losses during transfer to the testing mechine. The aver-
bge transfer time from the bath to the testing machine

wal just over gix seconds.

The criterion used for determining the transition
temperéture with sub=standard and standard specimens has

been dealt with in the appropriate sections.

4.5 METALLOGRAPHY
4.5.1 QQiiCal Mieroscopy

Optical metallography has been extensively used to
study various micro~structurcs obtained under different
cooling conditions. OSpecimens for optical metallography

were usuzally hot mounted and polished in the usual manner.

It is known that martensitic alloys particularly
in the guenched condition, prove difficult to etch. The
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use of special etching agents such as sodium bisulphite
has been lately suggested to reveal sub-structural
details in massive martensites (52). The use of this
reagent during the present inveétigation did not give
adequate etching. 2% and 5% Nital proved to be the most
satisfactory. In some instances, a combination of 2%
Nital and acid-~ferric chloride gave very good etched |
surfaces. A better control over etching could be o x0T
cised by resorting to swabbing rather than immersion.

The time reguired depénded;bn the nature 6f.the treatment

given to the specimens.

Optical metallography was carried out on Vickéf's
projection, Zeiss ultraphot, Neophot-2 and Olympus ﬁicron
scopes. Grain size measurements were not made in the

present study for reasons stated in appropriate sections.

4.5.,2 Electron Microscopy

Sub=structursl details-of‘the microstructures
obtained under different cooling conditions were studied
by thin foil electron microscopy, and to a limited extent

by replication téchnique.

4.5.2.1 Replica Preparation

Mostly carbon extraction replicas'were employed,
The initial part of the specimen surface preparation was.
gimilar to that used for optical metallography. The

final polishing was, however, carried out on a selvyt pad
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impregnated with alumina. “his ensured that any lubri-
cant left behind by the earlier polishing operations
was removéd, After proper cleaning, the specimens were

etched as before.

The replicas were prepared by evaporating carbon
on to the specimen surface in vacuum at a slight angle.
The surface was slightly seribed into 2-3 mm squares
and undesired areas blanked off with lacomit. It was
then immersed in the stripping etoh(- 2% Nital). Serib-
ing faeiiitated easy stripping of the replicasg, After
about five minutes, the specimen was removed from the
stripping'étch and gradually slid into distilléd water
contained in a small beaker. Replicas floating on the
water surface were then picked up on 200 mesh copper

g8rids and suitably stored or dlreptly observed,

4.542.2 Thin foil preparation
The preparation of foils in the present investi-

gation was carried out by using the jet profiling and
polishing method (201).

¢
This method used dis® specimens of the same dia-

C
neter as the econventional glodtron microscope gpecimen
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grids i.e. 3.05 pm or 2.30 mm digmeter, Two sinple
operationg are combined in the Polaron Unit which finglly

result in g foil,

i) Profiling or jetting of the disc blank to obtain

a double concaye disc, and,

ii) Static electropolishing of this disc in a different
cell to produce a small perforation near the centre

surrounded by.thinned material.

The starting material for making foils was 3.00 mm
diameter disc., These were cut off from cylindrical rodsm
of material by parting off discs in the parting off unit.
These were then mechanically polished in g specigl jig, |
s0 as to0 obtain ~ 0.15 mm thick disec with paraliel faces,
One of these discs was then placed in the specimen holder
assembly for profiling, An electrolyte consisting of
20 parts of perchloric acid and 80 parts industrial me-
thylated spirit was used at 30 V for profiling. The
profiling time varied with disc thickness and for the
thickness specified above, was approximately 11«12 seconds

each side,

\J

' The profiled disc was carefully cleaned in methy=-

"~ lated spirit and held between a pair of tantalum tweezers

and electropolighed at 1l0el2 volts in the porforation
cell in a 2% perchloric acid solution maintained at

~ 30°C %o obtain a foil,
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Replicas and thin foils were examined in either in the
JEM7 or EM6G electron microscopes, For thin foils, an
accelerating voltage of 100 KV was used..- In order to
dbtain a clear picture beam tilting was found to be
extremely necessary at least on FEM6G, Otherwise it was
very difficult to focus images above a magnification of
20;000«X. For obscrving replicas a lowef accelerating

. voltage (75 or 80 XV) was used.

4.4 FRACTURE STUDIES

For examination of fractured surfaces of impact
specimens, the Cambridge "stéreoscan' and Siemen's scan-
ning eleétron microscoves :gg; nsged, Specimens were
prepared by first slitting them »bout 3—4'mm away from
and Pparallel to the fracture surfaces. These could be

~used as such or were further cut down to provide sections

sufficiently amall %o entzr the stereoscan.

To ensure p good electrical contact the specimens
were gluned to the specimen holder using a silver bagse
paint. These were allowed to dry for about 5 minutes
or so before being examined. The examination was carried

out at 30 KV with a tilt angle close to 45°.

Photographs of the fractured surfaces were
first taken on polaroid films until a proper brightness

and contrast in the pictures wags established. Once this

-~
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was achieved, the final photographs were taken using a

35 mm camera.

4.7 DILATOMETRY

Transformation tempersturcs were determined using
an automgtic programmed dilgtometer capable of recording
dilation vs, temperature on an X=Y recordér, Quring
ﬁeaﬁing and cooling.” The spccimen sizg was 7.6 mm long
x 4,0 mm in d@ameter. Simple mechanical dilatometer was
also employed. In such g case the dilation was megsured
with the help of a4 dial gauge and the temperature recorded
with the help of a thermo couple spot welded to the speci~
men and connected,ﬁo a potentiometer. Cylindrical speci=-

nen 20 mn long x 4,0 mn digmetcr were used.

4.8 X=RAY DIFFRACTION

A detailed investigation of the structure of dif=-
ferent alloys in the heat treated condition was carried
out by X=ray diffraction. Norelco X=ray generator
(model 120-101—85) employing an iron target and manganese
filter was used for this purpose. The operating voltage

and current employed were 50 KV gnd 15 mA respectively.

Debye=Scherrer method employing 114.6 mm and
90 mm digmeter cameras was used for obtaining diffraction

patterns. The exposure time varied from 5 to 7 hours.
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Powder samples for each alloy were prepared by
filing. Heat treatments employed comprised of water

guenching from different temperatures.

A small amount of the powder$d sample was placed
ihside a transparent silica tube which was subsequently .
evaluated. The closed :mnd of the silica tube was placed
inside a tubular furnacc maintained at a predetsrmined
temperature. Aftcr holding for the required length of
time, Quepching of the powder samplc was carried out by

putting the clostd end of the tube in iced brine.
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MECHANIC AL PROPERTIES QF P XT
LOW-C MANGANESE~SILICON ST
5.1  PRELIMINARY ALLOYS

5.1.1 Introduction

Lowest~admissible-cafbon_énd alloy levels were
chosen during the initial part of the study. A Low
’carbon iron base (< 0.01% C) alloyed with manganese
and silicon in the ratio of approximately 2 : 1 was
considered to be an appropriate starting compbsition.
A manganese/silicon.ratio'1esser than this would
render the attainment of lath martensite difficult.

. An§ther alloy similar in‘nature but containing nickel
in place of manganeée was also eonsidered. Chemical

compogition of these alloys 1s reported in Table~5.1.

| The alloys were investigated with a view to
assess the possibility of producing lath martensite
structure in them by employing different cooling
- rates. Optical metallography énd hardness measurement |
wére extensively used for obtaining the information

desired,
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5.1.2 Results

5.1.2.1' Microstructure

Since the carbon and alloy ievels were low,
guenching was considered essentinl., Small discs,
‘about 4-5 mm thick, were cut from the swaged bars
and quenched from 900°C,'1000°C and 1100°C respect-
ively in cold water and the resulting micro-structures
examined. In both the alloys, quenching from 11.00°C
alone produced transformation products associated with
some shear, Hence for 211 auﬁeequent‘treatments,a
 temperature of 1100°C was preferred. In order to
obtain different cooling rates, emall specimens of the
two alloys were cold-rolled into strips of wvarying
thicknesses and were quenched as before from 110090;
Micro-structures thus obtained could be classified as
(i) polygonal ferrite, (ii) massive or high dislocation

density ferrite, and, (iii) massive martensite,

In the manganese-silicon alloy Hl, the micro=-
structure obtained on gquenching a;;S mm thick strip
revesled the absence of any shear transformation
product (Fig. 5.1 (2) and (b)). Whereas in a gquenched
1.25 mm thick strip, it was massive’ ferrite (Fig. 5.2),
in very thin strips (thickness ~0.4mm), the micro-

structure was' massive martensite (Fig. 5.3).
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In the nickel-silicon alloy H2, the structures
from thin speoimens (™O0.4 to~e 1,2mm thick) were
identical with those obtained‘in the manganese-silicon
alloy (Figs. 5.2 and 5.3), whéreas in the ~5mm thick
Specigen, the microstructure was massive ferrite

(Piga.5.4a and b).

5.1.2.2 Meehanica;,Pnggrties

‘The effect of austenitizing temperature amd cool~
ing rate on"the hardness and miciostructure was studied
- in both the alloys and the results obtained are
summarized in the Tables 5.2 and 5.,3. The pattern of
hardness variation was similar in both the alloys. An
increoae in the sustenitizing temperature resulted in
an increase in the as—quénched hardness. The overall
hardness values obtained in the nickel-silicon z2lloy
were slightly higher than those in the manganese-

silicon alloy (Tables 5.2 and 5.3).

- Tensile properties were determined for the two
alloys in the 1100°C water quenched condition,Results
obtained ‘revealed that for the smme ultimate tensile
'strength; the manganese-silicon alloy was morevductile
than the nickel-silicon alloy (Table 5.4). Both the
alloys exhibited yield point (Fig. 5.5).
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5.1.3 Discussion

Phase transformations associated with shear can
result in two types of microstructures. If the cooling
rate is vefy high, the high temperature phase could
transform martensitically provided’that the M, tenm-

s
perature 1is above the temperature of the quenching media.

The other type of transformation is commonly
known aS a 'massive' transformation. Such transforma-
tions exhibit nucleation and growth characteristics,
are thermally activated and occur during both heating
and cooling (202). For transformations of this type
to occur, the heating and cooling rate must be suffic-
iently rapid to suppress processes involving long
range diffusion (i.e. to’prevént equilibrium phase
separation) but slow enough to allow equilibrium re-
actions to occur only partially. No change in compo-
sition occurs in these types of trénsformations'and
the reaction product once nucleated proceeds %o develop
by rapid migration of highly disordered incoherent
interface (202). Massive transformations thus represent
an intermediste stage betweén tranéformations involv~-

ing nucleation and growth and martensitic transformations.

The two alloys presently investigated have a very
low hardenability in view of their very low carbon and

alloy contents, This makes it difficult for martensite
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to form except undér extreme conditions achieved by
quenching very thin strips. Barring these extreme
conditions, the shear transformation produet which
can form with relative ease if. 'massive ferrite!.
This would explain why massive ferrite is so commonly

observed in the alloys, presently investigated.

The ease of martensite formation increases with
an increase in the austenitizing temperature. In the
present context the higher the temperature, the éreater
would be the amount of shear associated with the trans-
formation product. This explains the increase in the
as-quenched hardness with an increase in the austen-—

itizing temperature.

For a given aus tenitizing temperature, a decrease
in the specimen thickness in effect means an increase
in the cooling raté and hence in the hardness on quench-
ing, The results reported in Tables 5.2 and 5.3 are
in acdordaﬁoé w{th this reasoning., Comparing the
alloys Hl and H2, the slightly higher hardness observed
in the 1atter can be attributed to a larger alloy content
and hence to a marginal improvement in the ability to
form 'massive' ferrite structure in thicker sections, The
difference in tbe hardness is, however, not large enough
to affoct the ultimate temsile stromgth (Table 5.4).
It is for this reason that the ultimatc tensile strength
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of the two alloys is nearly the same.

An impor?ant fact emerging here is that the
mahganese-silicon alloy H1 is more ductile than. the
nickelsilicon slloy H2 (Table 5.4 and Figs. 5.5).

This observation may appear to be in conflict with the
finding that manganese additions decrease the stacking
fault energy (SFE);of austenite andhence'enhﬁnce
strengthening (61). However, SFE is not the only factor
controlling strength and ductility. They are primarily
a function of the grain size and the nature of the
transformation product, If is evident from Figs., 5.1
and 5.4 that as-quenched microstructures in the alloys
H1l and H2 are different. Whereas in the former, it is
predominantly polygonzl ferrite (Fig., 5.1), in the
latter the microstructure is 'massive' ferrite (Fig.5.4)
Of the two, the polygonal structure, like the annealed
structure, is more ductile and when deformed gives a
larger amount of uniform plastic elongation prior to

vne onset of necking (Fig. 5.5). The higher ductility

obtained in the manganese-silicon slloy is thus explained.

5.1;4 Conclusions

Preliminary investigations revealed that useful
mechanical properties in the as-quenched condition can

be obtained in extra low carbon manganese=-silicon
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steels, The observation that for an identical ultimate
tensile strength, the Mn~3i alloy had better ductility
compared with thelnickel~silicon alloy, was of consider-
able significaﬁce; This further encouraged the idea of
using manganese. in preference to nickel in developihg new
high strength steels., Alloys investigated thus far were
defioient in hérdenability and strength. This was duly

oonsideréd while designing further compositiona,

5.2 THE HIGHER HARDENABILITY STEELS

5.2.1 Lntroduct;dn

Prelimiﬁary alloys investigated were deficient in
strength and hardenability. This problem was overcome by
raising carbon as well as manganese and silicon contents.
A carbon content »0.03% was considered to be an appro=-
priate level compatible with strength and hardenability
requirements without unduly sacrificing toughness
(sec. 3.3;2;3); However, the alloy content could be
raised in two ways 3 (a) vy increasihg the manganese
content while keeping the silicon content fixed arounﬂ
1,0%, and, (b) b& increasing both manganese as well as
silicon contents, Both these approachéslwere adopted,
the former for maintaining a proper balance of austenite
fo ferrite stabilizing elements and the latter with a |
viéw to utilize the beneficial effects of silicon addi-

tions to advantage(section 3.4). TFour alloy compositions
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with different manganese and silicon contents were produced.

The first two (H3 and H5)‘had nominsl compositions
of 3 Mn, 1.0 Si and 5 Mn and 1.0 Si resﬁectively and wefe
designed to establish the lowest admissible manganese
level at which lath martensite could be obtained over a
wide range of cooling rates. Preliminary investigations
on these alloys had roveﬂled that while lath martensite
in the #3 Mn alloy was obtained only‘on quenching, in
the 5 Mn alloy it formed over 2 wide range of cooling
rates, This sefved as the basis for designing the two
latter alloys (H4 amd H6) which had nominal compositions
of 4 Mn, 2~2.5 Si and 5 Mn, 2-2.5 8i respectively. They
were pvhdupéd to establish whether (a) volume contraction
become négligible at high silicon contents, (22,164), and,
(b) silicon in larger amounts adversely-affected,the
toughness of very low carbon steels. Compositions of

these four alloys ie reported in Table 5.5.

5.2.2 Results

5.2.2.,1 Dilatometry

Dilatometrié studies were carried ouf.at a pre-
determined heating and cooling rate of 40°C per min, to
determine the critical temperatures. An austenitizing
temperature ‘of 1100°C was used for all such experiments.

Transformation temperatures for the different alloys
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and volume changes observed are listed in Table 5,6.

Volume changes on heating and cooling were clearly
discernable in alloys H3 and H5 and were similar in
magnitude (Table-5.6). However, in glloys H4 and H6,
instead of getting a clear indication of the volume con-
traction on hesting, only a.change in slope of the dila-
tion vs temperasture curve was observed., On cooling,
‘however, volume expansions, which set-in at the ArB/Ms
témperatures, were clearly observed in alloys H4 and H6.
As is evident from the results (Table-5.6), volume changes
on cooling were smaller in magnitude than ﬁhe ones normally
associated with the y -% «a or y —# martensite

transformation.

5.2.2,2 Microstructure

Disc specimens of each alloy were heat-tr.ated
from- 800°C, 900°C, 1000°C and 1100°C and the resulting
micro-structures examined. Heat treatments chosen
involved air-cooling, water-quenching and furnace-
cooling fromvdifferent austenitizing temperatures., In
addition, the micro-structures obtained on controlled
%odling (40°C/min using a dilatometer) were recorded
for‘each alloy. Micro-structures observed and the
corresponding hardness attained are recorded in

- Tables-5.7 to 5.10.
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In alloy H3, lath martensite structure was obtained
over a wide range of cooling rates (Figs. 5.6 to 5.9j.
Strucfures obtained on furngce-cooling (Fig. 5.8) and
controlled-cooling (Fig. 5.9) bore reseﬁblance to the
micro-structure described as ‘'bainitic' (3). It is
difficult to distinguish between 'martensites' and
'vainites' in the alloys being currently investigated in
view of their very low carbon oontenfs. Therefore,
microstructures forming in the low-and intermedigte~-
temperature 4ransformation range can be deécribed as
'lath like'. This terminology will be adhegred to while
déscribing similgr micro-structures, Other micro-
structures observed in alloy H3 agreed well with the
description of massive-martensites as given by some of
the earlier inVestigators, with the possible exception

of grain size (57,59,103,142,143,145).

Microstructures obtained in glloy H4 were similar
to those observed in alloy H3 (Figs. 5.10-5.12), except
when the former was furnace—cooled from 1100°C, 1In
this case the resulting microstructure was a mixture of

lath like structure and polygonal ferrite (Fig. 5.12).

In alloy H5, the micro-structures obtained were
a function of the cooling rate. Quenching from 1100,
1700 and 900°C resulted in the attainment of lath

s truc ture (Figs. 5.1% and 5.14). Air-cooling from the
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same températures however led to the formation of
'massive' ferrite structure (Figs. 5.15a and b). On
controlled-cooling (40°C/minute from 1100°C) and on
Purnace~cooling from 1100°C, the resulting micro-
structures consisted of polygonal ferrite with very

small amount of lath structure (Fig, 5.16).

Alloy H6 showed transformation characteristics
similar to alloy H3 i.e. lath structure was. attained

- over g wide range of cooling rates (Figs 5.17 to 5.20).

5.2.2.3 Mechanical Properties

(i) Hardness

Hardness values obtgined for different heat-treatments

are ligted glloy-wise in the Tables 5.7 to 5.10.

Iu alloy H3, quenching and air-cooling from different
temperatures between 800°C and 1100°C had 1little effect
on the‘hardhéss, the range being between 350-360 HVEO‘ |
Controlled cooling and furnace cooling, however, resluted

in hardness of ~320 and ~340 respectively (Table 5.7).

Hardness values obtained in alloy H4 were'siﬁilar
to those observed in alloy H3 except when heat-treatments
involving furnace-cooling from 1100°C and quenching and
air~cooling from 800°C were employed, Under these

conditions, hardness values were found to be in the
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range of 305-310 HVs, (Table 5.8). A hardness of 305 HVy,
in the furnace-cooled condition, although lower in com=-
parison to the corresponding hardness value in alloy H3,
apoeared satisfactory. However, on quenching and air-
cooling from 800°C, hardness values obtained were lower

than expected (Table 5,8).

Cooling rate had only a marginal effect on hardness
in alloy H6, the values being in the range of 320-370 HV30
(Table 5.9).

In alloy H5, cooling rate had s marked effect on
hardness. In the ‘as-quenched' state, hardness ranged
from 300-320 HV30 (Tables 5.10). In the 'air-cooled'

condition, it was between 206 and 225 HV The large

30°
difference in hardness in the 'as—quenched' and the 'air-
cooled! conditions confirms the Structural observations
(Fig. 5.13 to 5.16). On controlled cooling and on furnace.

cooling from 1100°C, hardness of 175 HV5, and 158 HV,

0 0
respectively,further confirmed that the micro-structures
obtained under these conditions were nearer to the equi~
librium micro-structureSand.different from those obtained

on air-cooling or on quenching.

(ii) TPensile Properties

The results obtained, correlating heat treatment

with microstructure were further substantiated by employing
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tensile testing. Results thus obtained follow the trend
indicated by hardness measurements and are summarised in
Tables 5.11 to 5.14., In general, the nature of the load-
extension curves was similar and their main features shown

in Figs., 5.21 to 5.24 are:

a) A high yield to tensile ratio ( ~0,8 - 0,9) except
for heat treatments involving air=cooling and

controlled-cooling in alloy H5.
b) A low rate of work-hardening. .
¢c) Pronounced necking in majority of %the cases.

d) A large area under thelload-extension curve sugges=—

ting a high toughness wvalue,

e) A general flattening of the load-extension curve.
beyond the maximum load'on air cooling, thus lead-
ing to the attainment of larger values of percentage

elongation compared to the 'as-quenched' state.

A comparison of hardness snd ultimate tensile
strength values in all the alloys indicated that a definite
correlation existed involving a conversion facﬁor of
5 HVsy = 1 tsi (15.5MN/m°) UTS. On the basis of this
correlation, it can be seen that in alloy H3, a minimum
ultimate tensile strength of ~975 MN/m2 was ensured even

on employing the slowest cooling rate (Table 5.11). At

a cooling rate of 40°C/minute which is apprOXimately
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equivalent to air cooling a «63mm round section from
1100°C, the UTS value increased to 1038MN/m°, On quench-
ing and air cooling'from temperatures between 900°C and
1100°C, proof-strength in the range of 1054~1077MN/m?,
altimate tensile strength in the range of 1085-1147 MN/mz,
percentage elongation ranging bétween 22-25% and, per-
centage réduction in area of the .order of 68-72% was
obtained (Table 5.11), Air cooling gsve slightly better
ductility (when measured as percentage elongation) compared

with the 'as-quenched' state.

Tensile properties of alloy H4 and H6 (Table 5.12

and 5.14) were found to be similar to those of alloy H3.

In alloy H5, a minimum ultimate tensile strength
of ~550 MN[m? was obtained at the slowest cooling rate
(Table 5.13). However, in the air-cooled condition,
it increased from ~670 MN/m® to 728 MN/m2 as the austen-
itising temperafure was raised from 900°C to 1100°C,
The percentage elongation values ranged betwesn 42=44%
and fhe PS/UTS'ratio was around 0.65., In the 'as-quenehed'
state, dePbormation behaviour of the alloy was similar
to that of the other three alloys‘except that the maximum
attainable ultimate tensile strength was around 990MN/mZ.
It is noteworthy that in this alldy (H5), the proof
strength level of interest (i.e. around 850MN/m2) was

attainable only on gquenching from 1000°C,
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(iii) Impect Properties

Impact tests were carried qut.on sub-standard
Charpy specimens in the 1000°¢ 'as-quenched ! condition,
This was oonsidered necessary because the proof strength
of interest at least in a2l1loy HS5, can be unfailingiy
obtained only on quenching from 1000°C, It is not so
for the other alloys, However, quenching from 1000°C
eénsured that all the glloys were tested under Identically

heat-treated condition.

Impact values obtained for different alloys, as a
function of temperature, are reported in Tables 5.15 and
5.16 and the impact-transition curves are shown in
Figs. 5.25 to 5.28. 1Impact transition temperatures were
detérmined using an arbitrary impact energy criterion of

b
0.8 kg=m (42) and are reported in Table 5.18.

From the data given above, it is evident that alloy
H5 had the best impact properties.since the difference
between the ambilent temperature toughness and that
observed at -70°C was small (Fig, 5.27). Alloy H3 under-
went the ductile to brittle transition at around =18°C
(Fig. 5.25), whereas in alloy H4 aﬁd H6 the transition
temperature was close to or above the room temperature
(Figs. 5.26 and 5.28). Alloys H4 and H6 were thus not

ugeful for low=temperature applications,
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4 Ny
5.2.2.5 Sub-structure

In view of the superior impact properties of alloy H5,
transmission electron microscopy work was mainly carried
out on this alloy. Two types of micro-structures were
observed, On air-cooling from 100 and 1100°C, the
structure obtained was 'massive! or high dislocation
density ferrite (Figs.5.29 and 5.30). Dislocation density
within ferrite grains was high (Fig. 5.29), the disloca-
~ tion configuration was typically planar (148) as shown
in Fig., 5.3%0 and reminiscent of the deformed structures
(190,20%3). The other type of structure was lath-like in
nature (Figs.5.31 and 5,32). Dislocations within laths,
which were nearly pregipitate~free, were arranged in the-
form of net-works labelled 'A' in Fig. 5.31. Ths dislocation
density was too high to be determined accuratel&. Lath
structure in the other alloys was similar to thét observed

in alloy HS.

$.2.%3 Discussion

Transformation temperatures on cooling for the
alloys other than alloy HS5 are in the range of 400 -
4509C (Table 5.6). This clearly indi¥ates that result-
ing micro=~structures at the specified cooling rate would
be lath=like in nature., A higher transformation fempera—
ture on cooling in alloy HS ( 69000) indiéates.a greater

possibility of upper transformation products being
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obtained. Micro-structures observed in the four alloys
are, therefore, in agreement with the deductions drawn
from the dilatometric data. Results obtained on velume
changes associated with heating and cooling are in accor-
dance with the earlier observations that volume contrac—
tion on heating diminished with an'increase in silicon
content and was negligible at silicon contents ground

2.5% (22),

It has already been stated that Fe-4 Mn glloy yields
massive ferrite structure on slow cooling and lath mar-
tensite on qﬁenching. In a subseqguent study, it has been
reported that an Fe-~5 Mn alloy yields shear-transformation
(lath) structure in any section size on air-cooling
(section 3,2.2). 1In view of the above it is logically
expected that lgth~structure would be obtained in alloys
H3 and H6 over s wide range of cooling rates. This is
because the manganese content in them is close to 5% and
in addition they also contain significantly high propor-
tions of silicon. Silicon, being a ferrite~stabiliger
like Cr and Mo, is expected to enhance hardenability'
~although to a limited extent (185).' Structural observa-
tions in alloys H3 amd H6 are,therefore, in accordance
with this reasoning. Although alloy H4 has a manganese
content close to 4%, in combination with 2.6% silicon,

its effective transformation behagviocur would be similar
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to tha% of alloys H3 and H6, except when very slow cool-
ing i.e. furnace-cooling from 1100°C is employed. On
doing so, the attainment of a mixed microstructure in
alloy H4 (Fig. 5.12) is because of a low manganese to
silicon ratic and hence to an imbalanoé in the ratio of

austenite to ferrite stabilizing elements,

uThe\composition of alloy H5 represents a limiting
case since any further reduc tion in the manganese
content would not.léad to the formation of lath structure
on air cooling. Conﬁersely,,an incregse in the manganese -
content would considerably increase the possibility of
formation of the lath structure over a range of cooling
rates. This reasoning is made more explicit when the
. composition and transformation behaviour of alloys H3
(5 Mn 1.5 8i) and alloy HS (2.6 Mn, 1.0 Si).are compared,
The latter (alloy H5) is deficient in hardenability in
comparisoh‘to the former or for that matter alloys H4
and H6 which are air-hardening type. To attain lath
vabructure in alloy HB, therefore, a,@o00ling rate faster
than air cooling i.e. quenching has to be employed.
Experimental finding that the proof strenéth is raised
fromms660 MN/m2 to ~ 900 MN/m2 by altering the cooling
rate from air-cooling to quenching from 900°C
(Table 5.13), is in accordance with the above reasoning;
The lower hardenability of alloy HS results in a variety

of micro-structures, starting from the near-equilibrium
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through massive to shear transformation or lath structure,
Slower the cooling rate, 'the more pronomnced the tendency
for equilibrium microstructures to form. This is con=

firmed by structural investigations in all the alloys.

In most of the cases. .the nature.of the stress—strain
curves for.the alloys under investigation is similar
to those.for déformed metals. High dislocation density
 introduced during the transformation tends to make the
alloy respond as if it were cold-worked, This, along=-
with a very low carbon content, explains why‘a high
PS/UTS ratio and a very low rate of work hardening is
obtained., A slight flattening of the tensile curves
on air=-cooling may be attributed to the absence of
quenching stresses and hence fo an improvement in ducti-
lity. In alloy H5, stress—strain curves obtained on
gir-cooling from 900 and 1000°C and on furnace~cooling
from 1000°C show large eiongation. This is because
vmicrostruoture in the air-cooied condition is massive
ferrite and in the furnace-cooled condition predomi~
nantly‘polygonal ferrite with very small amount of lath
structure. The two microstructures are basically |
similar except that the former has a higher dislocation
density, TFurther, the carbon content of the alloys,
in general, is very low. These two factors have favour=-

ably combined to ensure that the mode of deformation is
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similar to an annealed microstructure thus accounting

for large percentage elongation values.

Considering the impact values, alloys H4 and H6
have transition temperatures above room temperature
(Taple 5.16). This may primarily be attributed to a large
silicon content. a coarser grain size (expected in view
of ACBﬁVBOOOC) and to a lesser extent to the gquenching
stresses, Another factor adversely affecting the impact
properties is an increase in'strength. ‘There are indi-
cations that an inc;ease in hardness by 10 HV, equivsglent
to an UTS of 31VMN/m2, will raise the transition tempera-
ture by about 15°C (115). This observation may also
explain, to some extent, the poorer impact properties -
of alloys H4 and H6, Howevar, on comparing allowys H4
and H6 with alloy H3 (a2 basis for doing so being a similar
strength and transformgtion behaviour), it appears 1ikely‘
that higher silicon content is largely reéponsible for
the interior impaét prOpertieé of alloys H4 and H6,
Silicon in large amounts indﬁces brittleness by increasing
the oy (i.e. the friction stress) component of the
Petch~equation thereby increasing the transition tempera—
ture (192)., Comparing the impact properties of tﬁe
higher silicon alloys H4 and H6, it is evident that the
latter has a higher manganese to silicon ratio and

therefore, attains a lower transition temperature as
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compared to that of alloy H4.

Alloy H3, on the other hand, has large manganese
to silicon and manganese to carbon ratios and therefore
has a transition temperature (-18°C) much lower than
that of alloys H4 or H6., It is, however, necessary to
emphasize that heat treatment involving water quenching
from lOOOOC is far from the best condition for gssessing
.the impact properties of alloy H3 or for that matter
alloys H4 and H6., A better comparison of the impact
properties of these three alloys could be made by employ-
ing the most suitable heat-treatment involving air

cooling from 800°C.

Beét results related with impact properties have
been obtained in alloy H5. It has high manganese to
carbon and manganese to silicon ratios, the grain-
coarsening at 1000°C is small compared +to the other
three ailoys; Further, the amount of silioon is appro-
priate and the tensile strength is the least amongst
the four alloys. All these' factors hagve contributed
to the superior impact properties of alloy H5. Quench-
ing from 1000°C has only ensured that the micro-
structure is lath-like in nature and does not in any
wa& suggest that quenching has resulted in superior

impact properties.
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A more elaborate discussion on the strengthening
mechanisms is presented in g later section. It may be
pointed out here that in absence of precipitated carbides,
strengthening in the alloyé would result from a combina-
tion of high dislocation density and solid solution
hardening. The near~absence.of precipitated'carbﬂies
within l1aths is most useful in briﬁging about an improve-
ment in ductility and hence the toughness. Maintaining
a large Mn/Si ratio is an important factor favouring the
atfainment of a large ambienf temperature toughness.and

a low impact transition temperature.

5.2.4 Summary

The range of mechanical properties particularly
the strength,vthat can be attained in the extra low
carbon manganese—silicon steeis in the heat-treated
condition, over a composition rangé C = 0.01 to 0.03%%,

Mn =~2 to 5%, Si = 1 to 2.6% has been ascertained,

Two compositions of interest emerged from these
.experiments. The firét, having a composition 0.03 C,
2.6 Mn, 1.0 Si, in which lath structure was obtained
only on quenching, has a proof strength of 930 Mn/m2
(60 tsi) and good toughness even at -70°C in 1000°C WQ
condition. The other has a composition 0.03C, 5 Mn

1.55i and when identically heat treated has a proof
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strength 1024 MN/m2 (68 tsi) and good impact properties
dﬁﬁﬁfto -18°C. Other higher hardenability compositions
investigated revealed that although the gstrength : and
ductility values were comparable or betiter than the ones
mentioned above, their toughness did not elicit their

further consideration.

From the point of view of using minimal alloy addi-
tions, alloy H5 showed promise and was therefore chosen

for further studies,



CHAPTER - VI

EFFECT OF CONTROLLED MECHANICAL WORKING ON
THE PROPERTIES OF AIR HARDENING STEELS

(4) INVESTIGATIONS IN THE_AS.-ROLLED CONDITION

A.6.1 Design of Compositions

Two important conclusions, relevant to developing
an air-hardening composition, emerge from the results

discussed in the earlier chapter:

i) Maintaining a proper Mn/Si ratio is an important

prerequisite for attaining a high USE and a low ITT.

ii) At 1% Si, the ménganese content required to produce
an air-hardening composition was likely to be
between 2.6 and 5%, With the former, lath structure
is attained only on quenching while with the latter
it is attainablé over a wide range of cooling xates
starting from annealing to quenching from 800°C

upwards,

From the above, it was deduced that an alloy con-
taining 1.0% Si-and a manganese éontentrV4% was.likély
to be an air-hardening bne and formed the basis of
arriving;ét the compositions investigated in the 'as-

rolled* condition.

It was necessary to (i) choose an appropriate

-carbon level, and (ii) decide uponﬁwhether or not:any
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other element needed to be incorporated so as to arrive

at the final compositions. Two carbon contents wére decided
upon viz., (a) 0,02~0.0%%, and (b) 0.05-0.06%. The former
ensured that the amount of precipitated carbifes was at

- a minimum whereas the latter was chosen with a view to
produce these steels from mild steel. Niobium in

amounts 0,04-0.05% was also considered as a possible
addition since, besides -being a grain~refiner (4,13,80),

it also enhances hardenability at very low carbon levels
(181). 1Its amount to be incorporated in the composition
was based on (a) the volume fraction of the precipitate
most likely required to affect grain refinement, and,
(b)'the possible adverse effect of empioying a larger .
volume fraction of the precipitate on mechanical properties
and particularly the toughness. Although niobiﬁm was
primarily added for grain-refinement, jits presence algq
ensures the attainment of lath structure in larger

sections. This led to the design of four alloys having

the same base composition but two different niobium and

carbon contents (Table 6.1).

A.6.2 Experimental

A1l the four alloys were homogenized at 1150°C
for about 2 hours and rolled from~50 mm diameter
ingot to ~2l mm round bars, These were used as starting

materigl for controlled rolling. The soaking temperatures
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,ed -for reheating prior to control-rolling were

oased on the formulas (204):
1n [(m) . (0)] =~ 20 44,55

where (Nb) and (C) represent weight percent Nb and C

respectively and T = temperasture in °K.

For control~rolling niobium bearing steels, it
is essential to have almost the entire niobium iﬁ
solution as  NbC, prior to the commencement of
hot working (13). Both, the niobium-free and the
niobium~bearing steel at 0.022% carbon level (designated
as Rl and R2 respectively) were reheated to 990°C for
about an hour and rolled from~21 mm round to ~Ll7 mm
roundwsection in three passes, While doing so it was'
ensured that the net deformation, deformation per pass

and the finishing temperature was maintained constant.

At the 0.055% C 1level, the soaking temperature
employed was 109000. As before, both the alloys R3
and R4 (Table 6,1) were reheated to the said temperature,
soaked for about an hour, cooled to 990°C in air
( time taken for cooling approximately 15-17 seconds)
and subsequently hot-rolled in a manner similar to the
alloys Rl and R2, This way it was ensured that an
identical hot rolling schedule was employed for all

the four alloys.
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A.6.3 RESULTS
A.6.3.1 Microstructure

Microstructures of the alloys Rl and R2 were
éxamined in the as-cast, heat-treated and control-rolled
conditions., The results obtained along with the corres=-
ponding hardness values are summarized in Table 6.2;
From the table, it can be inferred that the alloys R1
and R2 are air-hardening in nature, since the lath
structure is formed in them over a wide range of cooling
rates with a minimum hardness of240 HVsy. The sole
exception is when Rl»is annealed from 1200°C. However,
the same alloy on being anﬁealedgfrom 1100°C, attained

lath structure (Table 6.2).

Microstructure of the alloys Rl and R2 in the
as—rolled condition was lath like invnature (Figs;6.l
and 6.2). At lew magnification (100 X) the micro-
structure appeared to consist of fine equiaxed grains
(Figs. 6.1la and 6.2a). However, the shear nature of |
the microstructure was clearly revealed at a highet
magnification (Figs. 6.1b and 6.2b). Alloy R2 attained

a finer grain size than Rl (Figs. 6.la and 6.2a).

Microstructure in slloys R3 snd R4 was similarly
lath like (Figs., 6.% and 6.4), the niobium bearing

alloy R4 being finer grained as compared to R3.
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A.6.3,2 Mechanical Properties

Mechanical properties of the four alloys in the
hot-rolled condition are presented in Tables 6.3 to 6.6

and summarized in Figs, 6.5 to 6.11.

Alloys Rl and R2 attained USE values in excess of
270 J (Table 6.4). Impact transition temperature of the
alloys Rl and R2, based on 54J (40 ft-1lbs) exeigy
criteria, was found to be -68°C and -95°C respectively
(Figs. 6.5 and 6.6). The stress-strain curves resembled
those of heavily cold deformed metals with one notable
exception - the ductility measured as percentage elonga-
'fion was gppreciably higher in the present instance
(Figs. 6.7 and 6.8 and Table: 6.3). Proof strength was
in excess of 770 MN/m® and the UTS ranged between 850-
930 MN/m? (Table 6.3). Ductility measured as percentage
elongation was found to be in exéess of 20%, the alloy

R2 being more ductile compared with Rl (Table 6.3 ).

On raising the carbon to 0.055%, both.the proof
étrength and the ultimate tensile strength increased,
the increase being more pronounced in case of the
latter (Table 6.5), The corresponding decrease in the
percentage elongation was smgll, Proof stfength now
ranged from 860-950 MN/m?, UTS from 1000-1100 MN/m?
while fhe percent elongation, was~20% (Table 6.5).

Basic nature of the stress—-strain curves for the higher
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carbon alloys R3 and R4 (Figs} 6.9 and 6.10) was similar
to that observed for alloys Rl and R2 (Figs. 6.7 and 6,8)

‘Raising the carbon content from o.oéz to 0.055% was,
however, detrimental to the4toughness as a whole
(Tablei 6.6 ) . Impact transition temperature
fof the alloy R4 wase found to be -25°C (Fig. 6.11). A
complete transition curve for the alloy RS,howéver, could

not be established for want of material.

A.6.3.3 Electron Metallography

Transmigsion electron microsdopic workAwas mostly
confined to alloys Rl amd R2, in view of their superior

impact properties, in the control-rolled condition.

The microstructure of alloy Rl in the as-rolled
condition consisted of laths which often appeared in
growps of parallel arrays (Fig. 612 ). Occassionally,
laths without distinct straight boundaries (distorted
lath structure) were also obgerved (Fig. 6.13). Such
laths contained a cell structure delineated ABC in
Fig. 6.03. The dark jagged regions represented areas of
high dislocation density. Dove=tailing effect normglly
assocCiated with massive martensites in Fe-Ni system
(52J45) wasS also observed in the lath structhre.  Nature
of the dislocation tangles within laths, although

complex when studied at low-magnifications, was
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clearly revealed at higher magnifications (Fig. 6.14 ).
Occassionally, very small particles which could be

carbides, were also seen to be present within the

‘lamhs (Fig. 6.11).

Microstructure of the alloy R2 was found tb be

similar to that of Rl (Figs.6.15 and 6.16). A high disloc,
density within the laths is clearly visible (Fig. 6.14).

Carbon extraction replica technique wes also
employed for investigating the microsfructure of the
alloys in the control-rolled eondition., Such a study
revealed that in alloy R3 elongafed carbides formed
‘along latﬁ boundaries (Fig. 6.17). Their presence was,
however, not detected in the alloys Rl, R2 and R4
(Figs. 6,18 and 6.19). |

A.6.3.4 TFracture

Fractography was carried out mainly on impact
specimens of the alloys Rl and R2 tested at room tempera-

ture and at -70°C.

The room temperature fracture in alloy R1 was
luctile in nature showing tear dimples (Fig. 6.20).
Fracture appearance at -70°C was characteristically

brittle showing river-line markings (Fig, 6.21g and b)
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Room temperature fracture appearance in alloy R2
was similar to that in alloy ﬁl (Fig. 6.22). However,
the fracture at -70°C was not wholly brittle but con-
tained regions showing tear dimples (Figs.6,23aand Y. The
brittle regions revealed features showing transgrannular
crack propagation as well as intergrannular»facets

(Figs., 6.2%a and b).

A.6.4 Discussion

Results obtained reveal that the bgse composition
Fe-3.7 Mn~1,0 Si with 0.022% C (composition R1l) is the
limiting composition for attaining lath structure on
air-cooling. The attainment of (i) ferrite on annealing
Rl from 1200°C, and,(ii) lath structure on annealing the
same alloy from 110000, shows that'the composition |
Fe-3,7 Mn-1,0 $i-0.022C has a tendency to revert to
equilibrium transformation products when cooled slowly
from austenitizing temperatures higher then 110600,

This indirectly conf irms the above deduction. A com-
parison of alloy Rl with alloy H5 (Fe-2,6 Mn-1.0 Si -
0.03C) would indicate that altering the manganese
content of the latter by a percent has resulted in an
increase in pfoof strength from 460 MN/'m2 (obtained on
air-cooling alloy H5 from 900°C) to about 775 MN/m2 |
(obtained on control~rolling Rl followed by air-

cooling). Duly accounting for a slight amount of
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strengthening that may have resulted from deformation
during rolling, this result demonstrates that the major
effect of alloying is to impart hardenability and thus
Strengthen by sub-structural rather than solid=solution
hardening, The beneficial effect of manganese and the
likely bveneficial effects of Si and Nb in promoting the
formation ofhlath structure have glready been discussed
earlier., The combined beneficisl effect of the elements
present haé ensured that the aglloy Rl and its Nb-bearing
counterpart-alloy R2 are air-hardening in nature with g

minimum attainable hardness of /240 HV (Table 6,2).

30
It has been demonstrasted that a slight increase in the
carbon content in extra low carbon steels enhances harden-
ability significantly (148,175,205). Compositions R3

and R4, in view of their higher caben content, therefore,
represent an improvement over Rl and R2 respectively,

in their ability to form lath structure with ease, Thus
the compositions R3 and R4 are automatically air-hardening
in nature., In view of the above it can be postulaéed
that,vin'general, the CCT curve for the alloys under

investigation would show the abgence of polyggnal ferrite,

Considering the toughness values of Rl and R2 |
the attainment of USE in excess of 250J in these alloys
" is - of considerable significance and highlights

the usefulness of the glternative approach. The near-



123

absence of precipitated carbides, eliminastion of lath
boundary carbides (Figs. 6,18) , and , the attainment
of a fine grain size (Figs.6,1la and 6.2a)'has primarily
contributed to the attainment of USE in excess of 250d.
To a lesser extent, use of vacuum melting and casting
techniques and the low sulphur snd phosphorus contents
of the alloys has also contributed to an improvement

in the USE, A lower ITT attained in alloy R2, in com~
parison to alloy Rl (¥igs. 6.5 and 6,6 ) is attributed
to a finer grain size in the former (Figs, 6.2a and 6.1a).
This difference in grain sigze has also resulted in the
alloy R2 being more ductile than Rl (Table 6.3).

Op raising the carbon content to 0.055%, the
structural ohanges that occur, which in turn would
affect strength and toughness, . primarily depend
-upon whether or not Nb is present. In alloy R3, which
is Nb free, the structural changes would comprise of
(a) appearance of the lath-boundary carbides (Fig. 6.17),
and, (b) a slight increase in the amount of precipitated
carbides. The former would adversely affect the USE
as well as ITT whereas the latter may, at best, result
in a very slight ihcrease in strength., Thus one of the
factors contributing to an appreciable lowering in the
USE in alloy R3 (Table 6.6) is the appearance of lath-.

bo ndary carbides in the microstructure (206,207). Eowever,
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if the USE of the alloys Rl and R3 are compared

(Table 6.4 and 6.6), it appears improbable'that the
appearance of lath-boundary carbides alone could account
for this large decrease in the USE from ~270J (attained
in alloy_Rl) to ~189J (attained in R3). The utilization
of a reheating temperature of 1090°C employed during the
control-rolling of R3, although far from satisfactory

but nevertheless employed to ensure that the allbys.RB
and R4 were identically hot-rolled, would result in the
Former attaining a relatively coarser grain size. This '
in someway should also contribute to a lowering in the
USE. The effect of grain size in controlling the USE has
been dealt with in detail in the section 'B' of this
chapter. It thus appears that the attainment of a
coarser grain:ﬁbe and the appearance of lath
boundary carbides together Can,satiSfactori&y wecdunt for the

comparatively lower USE attained in alloy R3.

In alloy R4, the structural changes to occur would
nainly comprise of the precipitation of NBC during
rolling, This would lead to grain refinement and may
prevent the formation of lath=boundary carbides
(Fig. 6.19), which were obtained in alloy R3; ' These
*actors would greatly assist in the alloy R4 attaining
~easonable values of USE and ITT. Remembering that
that the strength of alloy R4 is higher than that of
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alloy R2, the overall toughness of the former, although
appreciably lower than that of the latter, can be con-
gidered as satisfactory. Comparing the alloys R? and R4,
gfain-refinement‘bf5ught aboﬁf By niobium has resulted

in the latter attaining a better overall toughness

( Table 6.6 ); Before proceeding further, it is necessary
to comment upon the USE gnd ITT values attained in the
alloys R3 and R4. As.stated earlier, employing a reheat-
ing temperature,ofleO90°C prior to rolling alloy R3 is
far from satisfactory. Thus it is certain that better
overall toughness couwld hgve been attained if a reheating
temperat@re;similar to that employed for alloyé Rl and
R2,had been employed. However, thé advantage of using

an appropriaté reheating temperature would be offset by
the presence Qf lath-boundary carbides i,e, the benefits
expected from employing an appropriate sogking tempera-~
ture would not be fully realized. As far as the alloy .
R4 is concerned, the reheating temperature employed prior
to rolling is appropriate. However, a grain gize finer

. than the one currently obtaimd could have been attained
had it been feasible to impart a larger amount of (i)

net deformation and, (ii) deformation per pass. The role
of deformation in controlling grain refinement has been

considered in a greater detail in the section (B) of

this chapter.
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Hardness, strength and ductility values obtained
in the as-rolled condition are comparable with similar
values reported for lath structures in Fe-Mn (187,208),
Fe-Ni (151,172,20§§‘and,Fe-Ni-Co-Mo—Ti (210) systens.
A note~worthy observation is the attainment of percentage
elongation.values,;_ZO%. As has been discussed in
Chapter~V, strengthening would ﬁrimarily result from a
combination of solid solution and substructural harden-
ing except perhapé in alloys R3 and R4 in which preci-

pitated carbides may additionally contribute to strength.

Fracture appearances of the alloys Rl and R2 at
room temperature, which are ductile (Figs. 6.20, 6;22)
are consistent with the high USE values. However, at
-70°G, the fracture instead of being fully brittle
showed a small proportion of tear-dimples (Figs. 6;21
and 6.23). This observation suggests that even the
alloy Rl is not wholly brittle at the test temperaturé.
The occurrence of . intergrannular facets, in addition to
the features mentioned above, in the impact tested .
specimens of alloy R2 at ~70°C may be attributed to the

presence of Nul particleé along grain boundaries.

(B) INVESTIGATIONS IN THE AS-FORGED CONDITIQN
B.6.1 Introduction

Studies on steels based on extra low—carbon lath
structure in the as-rolled condition had established

% Tybo hveld error: Hadrors 3 Abrenchi VM Fo NV
s rradgnlza ey ':af;&”— wuﬁf/ﬂa, (rwer.
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beyond doubt the usefulness of the alloy system Fe-Mn-Si
in general and of the basec composition.Fe~3.7 Mn~1.0 Si,
with or without 0.042 Nb in particular, in attaining
proof strength in excess of 770 MN/mZ, UTS > 900 MN/mz,
percentage elongation ~20% and excellent ambient tempera-
tuxe and{subzero temperature toughness. ILittle information
is, however, available on the structure-mechasnical pro-
perty correlation of the aforesaid steels in the forged
condition., It was therefore decided to investigate this
aspect of an agir-hardening steecl based on 'lath structure!.
The composition currently investigated Fe-0.03C — 4 Mn-
0.4 8i-0.4 Mo-0.074 Nb (Table 6.1), although a modifi-
cation of the alloy R2, differedd from the latter in its
silicon, molybdenum =nd niobium contents. Molybdenum

was incorporated in the composition for two specific
reasons. Firstly, like silicon, it also reduces the
volume changes associated with the a« —» Yy and reverse
transformations (22, 164). Therefore, a partial re-
placement of silicon by molybdenum was feasible.
Secondly, it is useful in eliminating the harmful effects
of grain bpundary precipitation and segregation on tough-
hess (191). Therefore,it would suitably counteract the
likely adverse effect on toughness if the carbon content
were to exceed the critical concentration i.e. s 0.06%.

A higher niobium content was introduced to assess whether

or not it is effective as a grain refiner when present
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in excess of 0,06% (211,212).

B.6.2 Experimental

Steel of the specified composition was air-
induction melted and cést'into 115 mm round ingots. It
was then homogenized at 1150°C for about 4 hours snd
forged;with intermedia te reheating to about 31.5 mm
square section. The final proéessing consisted of hot
frrging from 31.5 mm square to 15 mm square secfion.
While_fprging,in a controlled manner, no intermediate
reheating was employed and g finiShing temperature of
8SO~9OOOC attained. Soaking temperatures were based 6n

~considerations similar to those for‘the rolled alloys.

B.6.3 Results

B.6.3.1 Microstructure

Effect of austenitizing temperature and cooling
rate on the microstructure gnd hardnesé was invesfigated
and the results agre summarized in Table 6.7. From the
table, it can be inferred that lath[st?ucture formed
over a wide range of cooling rates with a minimum.attain-
able hardness of ~250 HV. Representative microstructure

in the heat-treated condition is shown in Fig. 6.24.

' The microstructure in the forged condition was
'lath like! in nature (Figs. 6.25- 6.27). As in the

rolled alloys, the shear nature of the microstructure
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was revealed only at a higher magnification (Figs.6.25a b).
An examingtion of the longitudinal section revealed

near-gbsence of directionality.

B.6.3.2 Mechanical Properties

Room temperature toughness in the forged condition
was a fuﬁction of the forging schédule. It was found,
(i) to be too low LyBOJ) if intermediate reheating to
the soaking tempersture was employed during forging,(ii)
a minimum of ~85J if forging.was performed in a controlled
manner, and, (iii) further, the toughness of the stock,
forged with intermediate reheating improved on normaliz-
- ing from 85000 to a value comparable with that obtained
on control forging (Table 6.8 l). A variétion in the
forging ééhedule,had little effedt on the tensile pro-
perties, the percéntage elongation and the UTS being

~20% and~930 MN,/m2 respectively (Table 6.8 ),

B.6.3.3 Fracture

Fractography tests were carried out on impact
épecinens tested at room temperature which were mgchined
from the steel stock forged under two different conditions
viz., (i) control-forged and, (ii) forgeq with

intermedigte reheating.

It was observed that in case of the'former.the fractuve

appearance was ductile showing tear dimples (Figs. 6.28
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and 6,29) whereas in the latter, it was brittle in

character (Fig 6.30 and 6.31).

B.6.4 Discussion

In the near-absence of carbdn, manganese which is
an austenite-stabilizer is most useful in promoting the
formation of lath structure at moderate cooling rates
over a range of section sizes. To a much lesser extent,
silicon, molybdenum and Nb additions are useful inA
delaying the Y -> o transformation (sections 3,3.2.1
and 3.4). The combined beneficial effect of these
elements has ensured that the composition being investi-
gated is aﬁ air-hardening one with a minimum attainable

hardness of ~250 HV (Table 6.7).

Considering the toughness values, a minimum ambient
temperature toughness (ATT) of 85J, obtained on control-
forging, is because of the attainment of a fine grain
size. This is attributed to the grain refining action
of niobium and has been confirmed by metallographic
observations (Fig., 6.26). The low ATT value obtained '
while forging with intermediate reheating is because of

~the attainment of a coarsergrain size., (Fig. 6.27).

Occurrence of continued recrystallization in
austenite is an essential condition for obtaining grain

refinement during hot working (175). This is achieved by
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regulating the thermal and deformation components of a
hot working schedule i.e. by carrying out hot'working
in a controlled mammer. In the present instance, con-
siderable grain coarsening occurs during reheating to
the soaking temperature; Since the deformation imparted
to the austenite after the reheating stage is insuf-
ficient, the essential condition for obtaining grain
ref inement is not fulfilled. Thus, in a way, the
effectiveness of Nb as a grain refiner is greatly
reduced. Therefore, g microstructure with a coarse
grain size is attained. Observation at (i) (section
B.6.3,2) is thus explained. The obser#ation at (iii)
can be similarly explained, based upon grain-refining

brought about by normalizing.

A minimum ATT value of 85J, obtained on control-
forging,compares favourably with the raxinum ATT
attained in the forging quality low alloy high strength
steels only after normalizing, norﬁalizing and temper-
~ing (N and T) and quenching and.tempering (Q and T)
heat-treatments (213-215)., Thus it may be possible
to do away at least with the normalizing heat—treatnent
given to the forgings to improve their toughness provided
the process parameters permit forging to be carried oﬁt

in a controlled manner.
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Hardness, strength and ductility values in the
forged condition (Table 6.8) are comparable with those
reported for similar steels in the as-rolled condition
( Tables 6;3 and 6.5) and are in good agreement with the
similar values reported for lath structures in the
extra low carbon Fe~Mn (189, 208), Fe-Ni (156,172,209)*
and multi~component (210) systems. The observatioh
that ductility is independent of the forging schedule
employed is of considerable significance., A similar
result has been reported in,Chaptér-V and can primarily
be attributed to a very-nearly carbon-free microstructure,
It is noteworthy that an elongation value 20% is easily
attainable in steels such as the present ones even
af ter Subjecting them to widely varying thermal and
mechanical treatments (Table 6.8). The observation that
the hardness and strength are nearly independent of (i)
the sectiona size and (ii) the forging schedule, is
logical since strengthening primarily results from
a high dislocation density introduced during. the shear

transformation occurring during cooling.

The most significant observation of the present
investigation has been the strong dependence of the
ATT on grain size. Although grain size strongly
influences ITT, instances where it has affected the ATT
are few (46,175). A critical appraisal is therefore

necessary, as to whether or not the grain size should

- Pl Az ,Q.ovt—bﬁ o P, {32..
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affect the ATT, to fully comprehend (a) this aspect
of the structure-property correlation in the steel

currently being investigated, and, (b) its implications.

It is known that an increase in strength generally
results in a decrease in toughness. Bmpirically, an
increase in hardness by 1lO0HV raises the trdnsition
temperature by about 15°C (115); Considering for in-
stance, a mild steel (hardness 125-150HV, ATT 100-135J)‘
as a reference base, the empirical formula would reveal
that at the strength (hardness) level currently atfained
( Tables 6.8), the ATT should be very low provided there
is a continuous decrease in toughness with strength.

But normally, this is not the case, since if it were

so then the attainment of a high ATT and low ITT would
not have been feasible in high strength alloy steeis.
Fundamentally,_the basic principle involved in getting

a desired combinagtion of ATT and ITT at a givén strength
level is by improving the net available deformation,
botn at the ambient and more specifically at sub-zero
temﬁeratures. In practice this is achieved through a
combinafion‘of alloying and heat-treatment. For
examplegin the quenched and tempered (Q and-T) steels,
for get%ing the right combiﬁation of strength,ATT and ITT,
it is necessary to nake ad justments in the cémposition
for (i) toughening the ferrite matrix, (ii) for elimi-

nating temper-embrittlement ( 2124 ). In addition, it
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is essential to employ an overaged microstructure, In-
spite of providing the best in terms of glloying and
and heat treatment,coﬁVemtiénal'stcals do undargo prgs"

, becamse o factors beyomd Conbrdd
mature. failure |dus—be—tmevoidavle—facdor~ g (i) crack-
ing of lamellar carbides (98) and formation of voids at
the pearlite colonies in ferrite—pearlite steels (216),
(ii) occurrence of elongated cafbides surrounding bainitic
ferrite regions and formation of austenite-~martensite
constitutent in the air=cooled bainitic steels (119), (iii)
possibility of s variation in carbide zize, shape and
distribution and also of procipitatiolroccuring in
unfavourable location in Q and T steels, and, (iv) the
presencefof boundary carbides in lath martensites (105).'
They (unintended microconstituents) generally have their
drigin”in the carbon content and gre difficult to inves-
tigate. DPresence of unintended microconstituents affects
both ATT and ITT adversely. Q(onsidering the alloy
currently under investigation, unlike the Q and T steels,
no pre-requisites regarding composition control and heat-
treatment are necessary for obtaining the stipﬁlated pro-
perties., Secondly, the alloy is designed in a way so as
to provideva base microstructure free of unintended micro-
constituents; This has been primarily achié#ed,by keep-
ing the carbon content ¥ery low i.e. gbout 0.03 pct.
(section 4.1). Presence of low sulphur and phosphorous

contents (0.008 to 0.01 pct.) merely enhances
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the benefits accruing from keeping the carbon content

at a ninimum .

»

However; pfoviding a suitéble microstructural bagse
in itself is not a sufficient condition to ensure attain=.
ment of a high ATT value. Just as in the Q and T steels,
both alloying and heat treatment play an equally significant
role in controlling the strength and toughness, similarly,
there nmust be some parameters-controlling the properties
of the typs of steel under investigation, thereby faci~
litating the attaimnment of end requiremmnts. This stipu~
lgtion is valid barring one important differgnce. Whereaé
in the Q and T steels, the improvement in ATT is at the
cost of strength, this is not so in the present stcel since
the attainable strength is nearly constant and independent
of the scction size. The microstructure of interest
(lath structure) is neither soft nor tough in the sense
the ferrite martix is in the Q and T steels, Under these
conditions, the only way toughness can be improved is by
improving the net available deformation. This is achieved
by refining the prior austenite grain size. It is vital
to'emphasize here that the microstructure of interest
(i.,e. the lath gtructure), although, containing a high
: dislocation density, has been mgde amenabie to g tough-
ening tregtments by grain refinement primagrily because it

is free from unintcnded microstructural features and
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also because the dislocation sub-structure is mobile.

The room temperature fracture gppearance is
consistent with ATT attained on (i) control-forging
(Figs. 6.28 and 6,29) and,(ii) forging with intermediate
rehéating (Figs., 6.30 3nd 6,31), This feinforces the
reassoning put forward to expldin the strong dependence

of ATT on the forging schedule and hence the grain sige.

SUMMARY

Air-hardening steels, based on lath structure i.e.
MAR' steels, on being control-rolled and coﬁtrol—forged
attain proof strength in excess of 770 MN/mz, UTS in
excess of 900 MN/mg, percentage elongation~20%, and
excellent overall toughness., Attaimment of theée pro-
perties and particularly the toughness has been agttri-
buted to (i) features constituting the lath structure,
(ii) a very low carbon content of the matrix, (iii)
fine grain size, and, (iv) meiting and casting technigues

cuaployed.

Although it has been deduced. that strengthening
is most likely resulting from a combination of solid
solution and sub-gtructursl hgrdening, this aspect needs
a more detailed investigation., The next chapter is
therefore, devoted to a critical analysis of the stren -th-

ening mechanisms,



CHAPTER=VII
STRENG THEN ING-MEC HANISMS

7.1 INTRODUC TION
It is now well accépted'that the following factors,
‘in general, contribute to the strength of martensites:
1) Interstitial solid solution hardening by carbon/
nitrogen. | | o .
ii) Precipitation duringjthe tragsformation..
1ii) Presence of substitutional elements;

iv) Ex1stence of transformatlon 1nduced dlslocation

or tw1nned sub=-structure, and,
v) Lath size

When congidered in.the context of MAR»éteels, it is
evident that their contribution to the strength would
depend upon composition. fn order~to'make the discussion
- more broad-based, examples of extré lbw#cdrbon lath martén~
sites»formé& in other low, mediwm and high alloy'sfeela
- have:alsd Been'considered; Such a step was_likelyvtc
pfove useful éince it would provide,(i)-for é comparison‘
~between the strength levels obtained in the. present |
1nvest1gatlon with those reported 1n the llterature, and,
(ii) the likely clues to the factors other than those |

listed above, which may contribute. to strengthening in the
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.+ alloys currently investigated.

7.2 RESULTS

}ReieVaﬁf data pertaining to the alloys, investigatéd
thus far, is summarized in Table 7;l.l.0n the basis of the
effect of Mn, Si,‘Nb and Mo on hardenability,the alloys
preéently investigafed can be ciassified as under—alloyed,
correctly-alloyed or balanced and over~allo&ed (Table 7.2).
Méchanioal*prggerties of steels based op'lath structure,
other tpaﬁ‘those éﬁrrent}y investigated, are given in
Table 7:35 A,éomparison gf“the’data summgrized in

Tables7.1l and 7.3, reveals that :

i) Most steels based on lath structﬁre exhibit strength’
and hardness in the range of 800-900 MN/m® and 250-
300 HV3O respectively, except the binary Fe-Ei_mar-
tensitgs-and thoge compositions in which the micro-
structure obtained is_sensitive to g varistion in

. the cooling rate e.g, Fe-4 Mn,

- ii) Hardness of lath martensites in Fe~Mn and Fe-Ni
. gystems is independent of the total alloy content
and the Mg tempergture in'the range of Mn/Ni
contents within which the microstructure formed is

lath-like with g diglocated sub~-gtructure. .

iii) Hardness of carbon-free lath martensites formed in

the medium and high alloyed multi—coﬁponent systems--
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is similar to that of tﬁe binary Fe~Mn martensites,

iv) Hardness of lath martensites obtained in the,
(a) underalloyed and balanced (correctly=-alloyed)

compogitions of the present investigation, and,

+

(b) the Fe=Mn binary system is comparable.

v) Raising the silicon content of Fes~4 Mn-1l Si by
about 1 pct. results in an increase in hardness from

250~300 to 360 HV30.

: vi)’Hardness of the alloys H3 (5 Mn-1.5 Si), H4 9J4.0
Mn~2.6 Si) and H6 (4.7 Mn=2,3 5i) is similar,

vii) Hardness of alloy Rl (<4 Mn-1,081-0.022 €)and alloy
4 Ré-@“4 Mn~-1,0 Si—0.022 C~0.042 Nb);'in the Qontfoi—
rolled condition, is identical althoughlthe 1§ttér
has a finer grain size compared to the former,
7.3 DISCUSSION
A feature common to gll the ailoyé‘under congiderag~
tion is that they-éontain'40.02f0.03 pct. carbon gnd not
exceeding 0.05 pct. in any case. At such low carbon
levels, the contribution of the interstitial solid sol@-
tion hardening component is negligible, Further, although
the tendency for carbide precipitation is enhanced.at low”
carbop'contents, the volume fraction formed is very small.

As such, the contribution of carbide precipitation during the

austenite to martensite transformation, to the overall
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strength can be considered to be smgll, Therefore, the
net effect of interstitisl solid-solution hardening and

carbide precipitation on strength is of little consequence.

| Substitutional alloying elements gre mginly added

to, (a) enhance hardenability so as to facilitate marten-
site transformation, (b) bring about any other desired
effect sgch as grainuréfinement or intermetallic precipi-
tation ete., and, (c) by virtue of being in the dissolved
state, affect solution hardening. It is now nepeésary’to
" analyse the data summarized in Tables 7.l,and T3 in order -
to establish the relative contribution of the above para~-
meters related to the pfesence of substitutional elements,
Considering the data shown in Tabie T.4(a), it ié seen

fhat raising the ﬁn content of the Fe-1.8 Mn-1l.2 Si alloy
by 1,2 and 3 pét. hgs resulted in an increase in the mininum
_ attainable hardness from 118 HY 245 HV,,

30 307 30 .
and 317 HV?O respectively. If the hardness of the Fe-1.8

to 160 HV

Mn~1,2 Si Alloy is taken as the base and if it is assumed.
that the role of increasing manganese content is to affeéf
solution hardening alone, then it is seen that the observed
increase in the hardness is much larger than can be |
attributed to sdlution hérdening brought about by Mn alone
[Table 7.4(D)]. Effoct (b), stated above, has nof been
utilized in aﬁy of the alioys under consideration. This
‘being éo;:the data analysis given above leads to the
inference that of the two effects brought about by the
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addition of substitutional clements, namely (a) and (c),
the former predomingtes. Thus, substitutional,eléments
and particularly those which are austenite stablisers

e.g« Mn basically promote sub-structural strengthening
rather than solution-hardening, This reasoning is further
confirmed by the near conétancy of hardness values in
alloys with widely different alloy'éontents, namely Fe-5
Mn and Fe-10 Mn alloys, Fe-10 Ni and Fe-25 Ni alloys and
‘the-marageing composition in the as—-transformed condition

( Table 7, 3) .

It would also be of interest to'examine,the role

;of substitutiongl atoms from g different view-point.
Oonsidering all the above alloys, the quantitativé resulté
summarized in Table 7.4(b) suggest that the contribution i
- of dislocation density to the strength is o Variable. one,
This however, needs a closer examination. Retention of

a dislocation sub~structure in the final microstructure
signifios that the transformation temperatures on cooling
arc below those at which thermally activated softening
pfocesses occur. Once this is so, in view of the |
similarity between dislocation substructure produced in
heavily'cold—worked metals and that induced during mgr-
tensitic transformation, it can be deduced that the dis-
vlocation dengity within!laths would be more or 1esé |
congtant over ga range‘of transformation temperatures

(Fig, T.1), Therefore, the oontfibution of diglocation
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density to the strength is invariant over the temperature
range To to T, When this is considered along.with the
deductions stated in the prececeding paragraph, the impor-

tant inferences are:

a) The main effect of substitutional elements and
particularly the austenite~stabilisers is to enhance
hardenasbility ana thus strengthen predomingntly by

sub~structural hardening.

b) Inbreasiﬁg the alloy content, primarily, the austenife-
stabilisers, beyond that required to produce an
air-hardening composition upto z stage below which
no gustenite is retained gnd no change in the trans-
formation induced sub-structure occurs, only results
in g lowering of the transformgtion témperature and
has little effect on hardness gnd strength. This
is because the basic mechgnism involving solution-
hardening is based on lattice disfortion. A change
in the mode of transformgtion from nucleation znd

- growth (N and G) to shear is also accompanied by a
distoftion in the parent'lattice.to form g highly
stressed product lattice., The magnitude of distor-

- tion which accompanies gustenite to martensite
transformgtions is appreciably larger than that pro-

duced from the presence of substitutional solute atoms.
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c) Dislocation density is likely to be nearly constant
over g range of feﬁperaturb T to T, and would be
indépendent of the alloy content, provided trans-
formation to martensite occurs over g widevrange

of cooling rates;

| a) Estimation of ‘the sdlutiqnﬁhgrdaning»dcmpongnt;in‘%heA

alloys undcr consideratioﬁ , based on the results
summarizéd in Téble 7,4(b), would belihcorreCt
since the calculated value.s QfAcSSS are valid .only
'for that particular alloy Systém and would vary.
depending upon the syétem wnder consideration, This
is becauée.the ihteraction‘parameters in any alloy

 system are a function of the number and type of
components-and the estimation of additional stren-
gthening from such interactions‘is difficult to

assSess,

In view of (c) and (ay), i£ ig difficult to isolate
solution-hardening effect from\sub~stfuctural contribution.
It is, £hérefore, postulated that the soli&-solution
hardening‘compohent contributes effectively to'strengfhé
- ening only to a limit upto which there is no changevin
the natuxe of transformation and hehee the microstructure,
The relatively 1bwer hardness values attained in binary
Fe-Ni martensites are due to a srnaller,ﬁcss value which

can be explained on the bagis of Hume~Rothery laws.
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Qualitatively, it can however be concluded that the
subgtructural and solution~hardening together constiﬁute
g dngle factor priﬁarily responsible for strengthening
with the major contribution coming from the former. The
 order of magnitude of dislocation density within laths
has been'estimated to be 1013—1016/cm2 (173).! The above
interpretation explaing the hérdness values repofted in
Tables 7.1 and 7.3 except for thésefof alloys H3, H4 and
H6 (Table 7.1). .

~ The discussion so far has been limited only to the
existence of a high dislocation density contained within
laths. However, lath (martensite) structure, besides a
high dislocation density, also has other substructural
féatures which are'likely'to have an important bearing

on the strength and toughness. They include:

1) Packet/Block size, and,
{i) Lath width o

As has been described earlier (Section 3.2),
paékets are small blocks present within a prior austenite
graiﬁ which are mig«oriented from one another or may bé.
twin'related.(ISB). They contain an array of nearly
parallel laths which are separated from one another by.
low angle boundéries (153). Packets can be considered
- as equivalent to subgraing except that unlike the latter,

they are not separated by low=-angle boundaries. Factors
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controlling packet size are not clearly understood. It
is postulated that the following factors would be of

relevance @

a) Prior austenite grain-sisze,
b) Cooling rate from roll finishing temperature, and,

¢) Transformation temperature,

Thus, compoéition and process parameters controlling grain
'size are expected to influence packet-size., A reduction
in packet—éize night be expected to improve proof strength
and toughness in accordanbe with the Héll-Petch type
relation (67,68), Establishing such a correlation is;
however, likely to lead to incorrect results because
packets further contain sub-structure in the forn of ldths
which in turn contain a high dislocation density/disloca-
tion cell structure whose effect on strehgth has already
been deduced to be g na jor one; Therefore, the effective
contribution of packet-size to the strenmgth is in ternms

of the sub=-structure contained in it.

It has already been suggested that factors affecting
grain size would affect packet siée._yTherefore, ifvgrain:
size is reduced, the packet—size is autonatically refined.
 Another theoretical possibility is‘that for a gi&en grain-L
size, packet size nmay vary. Such an occurrencé would
inprove toughness proﬁided'the packet=-size decreaseg.

Therefore, factors controlling the packet-size other than
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those reiatedfto grain-size need further examination,

: pgssible.paraﬁeter in this regard would be the cooling
rate from the roll finishing/forge finishing temperatufe,
This possibility can be‘considered provided different
cooling rates employed from the finishing temperature

do not affect the final miérostruéture. Practical'éon~
siderations;"h0wever, preclude utiiization of such an"
 a§pr6ach which is more of 3 theoretical pqssibility.AIf
would, fherefore,ant be of interest to céntrol thé
packet=size beyond what is normally achieved b& grain
refinement, Eiiéteﬁce of pgckgts/blocksA, howevers, hés
‘a distinct QGVantage as it is highly unlikely thét ori-
entation“of'iaths within two adjacenx packets would be

" the same.-:This would_autématiéally bring about a_changev
Ain the di?egtion of crack propagation'thereby imprbving

- toughneéss.,

. There are cohflidting views on the effect of'lath

~ size bh strength, Wheieas some'workers have'cpnsidere@
lathé as'equivalent $o grainé.and advocated correlating
lath width with yield strength (219),:others have shown
that their effect oﬁ flow stress is of gome signifioanCe ‘
only at very small lath widths (103,159). A clear picture
would emerge if fine structure of laths is considered.
‘The term lath signifies a configuration in which one

dimension is much larger compared to the other.  Laths
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are separated by.low angle boundaries (52,153). A re-
‘duction in lath sizevwould bring the lath boupdaries
qloéer to onenénother. Since the disloeation econtent
within laths is very high, lath boundaries coming closer

- would have liétle effect on the strength, The effect

of lath width would assume sbme significance only at
very small widths when low angle boundaries would have
come g0 close to each'other as to bping about an effective
inérease.in the disldcation density; This explains why
strengthenlng is marked only at very small values of lath
width, It 1s further clear that laths are not equlvalent
to grains and therefore establlshlng any relatlonship
between lath size and flow stress, as suggested earller(219)
would not be coryect.' Qhe factor prlmarllydcontrolllng
lath size is the transformation temporature. It is
possible'that facfofs affecting packét size may algo in=-
fluence the 1ath size. In view of the near constancy of
lath~w1dths normally attalned (52,103,145,172), factors
controlling lafh'size have only theoretical relevance,

It is, therefore, only the dislocation content within

laths which has a major effect on gtrength.

Summagrising, it can be.stated.that'the net effect
of fine~structure of the lath micro=constituent on -
strength is primarily controlled by dislocation density.
Al though refining packet=gize might ﬁe expected to improve

toughness,Apacket-size is related to the grainesize and,
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in practice, is not an independent variable, Therefore;
correlating packet size to the impact transition tempera-
ture, as attempted by some investigators (220-222) is some-
what out of place. it has, however, to be accepted that
the exigtence of blocks containing'nearly parallel léth
‘arrays of different orientations iswcertainly beneficial
from the'point of view of toughnesé. Hence thefe is not
gufficient justification for considering the effeet of lath
size and packet sige in isolation. This implies that the.
earlier inference, which envisages diélocation density to‘
be the major parameter controlling strength, is materially

maltered0 L

Grain size is generally considered anlimpértant para~
meter in controlling strength and toughness. In the alloys
presently investigated, grain-refinement has been primarily
employed for improving toughness and its contribution in
this regard has been discussed in detail in Chapter—6. Con=-
sidéring the role of grain size gn,strengﬁheﬁing, the data
reported in Tables 5.11, 5.12, 5.14 and 6.8,which indicate

that, (i)vfor a given cooling rate, austenitizing tempera-
| ture has li%tle effect on hardness and strehgth and, (iij
forging schedule has little effect on strength in alloy F,
suggest that the strength is nenrly independent of the
grain size., This reasoning agrees weli with the inference
that diglocation density is the primary factor

controlling strength. Re ferring more
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specifically,to alloys RL and R2, their mechanical pro-
pertles (Table 6 3indicate that although R2 has a finer
grain size oompared to R1, thelr strengths are nearly the
sameVsuggestlng it to be independent of the grain sigze,
Héwever, the same result can be looked gt differently

| by stating that strengthening in‘Rl consists of-contri~
butions from dislocation density and grain refinement

and g further refinement in the grain—siZe over that
attained in R1l, does not contribute additionally to the
-strength.‘ Considering this internretatlon to be nore
piausible, the contrlbutlon of grain refinement to the
strength can be assessed by comparlng the proof strength'
values obtalned on alr—coollng R1 from 990°¢C with that
obtained after control rolling Rl from the same tempera-
ture. This ways the contrlbutlon of grain refinement ”“
works out to be about 10-12 pct.. of the total strength
Thus, from all accbunts, the major'source of streﬁgthén-
,1ng 1s the hlgh dislocation density and,therefore, it
'would not be incorrect to infer that strength as a‘whole

.(PS'and Urs) is nearly independent of the grain size.

'A very significant observation of the current'in--
vestigation is that hardness and strength values attained
‘iﬁ allOYS,H3,H4 and H6 (350-370 BV30) were much higﬁer
than those obtained in alloys HS, R1,R2 and F (250-300

HV3O)¢ It is, therefore, necessary to identify factors
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which induce additional strengthening in the alloys H3,

H4 and H6, This aspect has been investigated by X-ray

diffraction and the results obtoined form the basis of

the next chapter.,

T.4 CONCLUSIONS

Based on the above discussion, the following impor-

tant inferences can be drawn regarding strengthening in

steels based on extra low lath structures

1)

3)

4)

5)

Primary strengthening mechanisms are dislocation
sub~gstructure and solution hardening with the mqjor

contribution originating from the former.

Estimation of solution hardening component could at
best be carried out in corbon free binary systems but
not'hmternary or multi-Component systems, because of

the interference from bomplex interactions,

Influence of packet size on the stroength and. tough-
ness is only through its relation with the grain size.

In view of the near~congtancy of lath-widthé, its
contribution to strengthening, when_consideféd in

isolation, is of little consequence.

Contribution of grain refinementvto strengthening is
at'best a minor one i.e. not exceedings 10-12 pct.

of the total strength.

Existance of laths of different orientations in
adjoining packets improves toughness by altering the

direction of crack propagation.



"CHAPTER - VIII

- STRUCTURAL INVESTIGATIONS BY X-RAY DIFFRACTION
8.1 ;_zg_mRoDUC‘TION

A crltlcal ana1y51s of the resuats reported in
chapter~VII revealed that alloys H3, H4 and H6 attained
, hardness- and strength values much hlgher than those
obtained in the othe; alloys. It was therefore inferred
. that.Struetural features, other than solid solutlon and
'sub-structural components were p03s1b1y reaponsxble for‘
the addltional_strengthenlng. These may 1nclude.~ |

1;)'Qcoﬁrrehoeiof ordefing | |
b) Bxistence of an additional micro';eonstifcuent
c) Change in the nature of‘traheformation induced
-deformation sub;etruoture |

d) Possibility of a change in the crystal structure.

'Since the Mg and Mf“iemperaturasof the alloys'are .
- well above room temperature, the p0831b111ty of (e)

. can be ruled out.

In order to 1dent1fy the microstructural features |
contributlng to addltlonal strengthenlng, alloys H3, H4,
"H5, H6, Rl, R2 and T were subjected to structural inves-~

tigations by X~-ray diffraction technique. |
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8.2 RXPERIMENTAL

| Powder samples of the different alloys wefe heat-
treated by adopting a procedure described in the section
44;8; In most cases,-thisjconsisted of sogking at 900°
and lOOOOO for nearly 30 miﬁutes followed-by'water—
quenchings 1In some instances, soaking periods upto

- » hours were employed,

ﬁowaer photographs were obtained with the help_.
of 114.6 mm and 90 mm diameter Debye-~Scherrer ecameras
employing filtered iron-Ka radiation. The X-ray dif-
fraction patterns, thus obtained, were analysed in the

usugl mgnner.

8.3 RESULTS
The results obtained can be clggsified as follows:

1) Instances where a single phase structure a' (boc)
was obtained (Tables.B:1'to 8:9)., This odclred
'in the majority of cases{Fy #1).

2) Instances. where the structure attained was g

| .combination of a! (b.c.c.)if retained austenite
(fee) (Tables 8.10 to 8.12).

3) Instances where the structure in the heat~treated
condition was a éombination of a!', retained

austenite and a carbide of the tYpe M2306
(Table 8.13). |
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4) Ingtances where the structure attained was a combi-~

nation of @' + a complex carbide of the type M2306

(Tables 8,14 to 8.18),
5) Instances where unconventional structure e.g. dia~
mond cubic structure has been gttained in the heat~

treated condition (Table 8.19),.R%.94.

8.4 DISCUSSION

Carbon free ferroué martensites based on substitu-
tional alloying elements generally have a bee structure(60).
Therefore, the results reported in the Tables 8,1 to 8,9,
establishing the'crytal structﬁre of a' formed in all the
alloys %o be bee, are consistent with the above observa-
tion. Splitting of the {ild} reflection was observed in
some of the diffraction pattermns obtained in the present
investigation., This did not necessarily imply that tetra-
gonality was present, since if it were so, splittiing
ébpyid have been observed not only in the-{lld} reflegtion
but also in all the subsequent high angle reflections:
Therefore, it was concluded that the presencevof a faint
additional line close to the {11@} reflection could be

attributed to the presence of an additional phase,

Referring to the observations (2), (3) and (4) in
secticn 8.3, the initial reagction to the presence of
extra lines in the diffraction patterns was of the possi-~

bility of the formation of an ordered phase.
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Formgtion of ordered phases has been reported in the
Fe-Si and Pe-Mn systems (223,224). However, a critical
examingtion of the concsrned alloy diaérams reveals that
ordered phases are formed at Si/Mn contents much larger
than those contained in the glloys presently investigated.
Further indexing of diffracticn patterns on the premise
that ordering was occurring, did not appear possible.

This thought was, therefore, discarded.

The other possibility considered was the retention
of austenite., Although such gn oceurrence appears impro-
vable gince the MS and Mf temperatures_are well above focm
temperature, yet it was given. due consideration. Based o~
4'this assumption, the diffraction patterns of glloy R1
Tables 8.10 and 8.11 could be fully indexed and that of
the alloy R2 only partly (Table 8,12). However, not all
the diffraction patterns could be indexed based on the
premise that austenite was retained, This evidently led
to the inference that a second phase was formed during
sogking for heat treatment. After considering the dif-
ferent possibilities, it emerged that all tbe remgining
patterns (observations 3 and 4 of section 8.3) could be
indexed based on the formgtion of gz carbide of the type
M2306 with a simple cubic structure (Tables 8.13 to 8. 18)
The probgble reasons which might have led to the formgtion
of g carbide of thig type willl be discussed lgter. Thus

it was possible to index all the diffraction patterns



155

of alloys H3, H5, H6 and R1 and R2 i.e., other than those
already indexed (Tables 8.13 o 8,18),

Attainment of g diamond cubiq structure in the glloy
- H3, in the heat-treated condition, {s an unexpected re=-
sults (Table 8.19). Inspite of gseveral attempts, it has
not been possible to reproduce this gtructure. However,
the result is being reported to emphasize that unintended
and ungxpected microcongstitutents may form in heat-treated
steels, This observation assumes g wider significance

in the present context since one of the primary objectives
of the present investigation was to agrrive at steel compo-
 sitions in which the probability of wintended microcon;
stituents forming is reduced to gz minimum, However, it

is important to reiterate that the aglloys presently under
investigation are better placed in comparison to the con-
ventional steels +to overcome the problems agrising from
the presence of unintended microcconstituents. Wider imbli—
cationg of the formgtion of g diamond cubic structure in
heat treated extra low carbon MAR steels would be assessed
only after the structure has been reproduced in powder
samples and probability of its formgtion in bulk samples
assessed, This would howevér,.require extensive experi-

mentation,

The most significant observation needing a careful
anglysis and congideration is the retention of austenite.

This rousult is all the more surprising gincoc the M and
Mf temperatures end well above room tompe Re’centlon of austem{'f—



156

in heat-treated steels is not a new observation, Infact

9 pet. Ni cryyogenic steel is one of the earliest reported.
steels in which austenite retention in the Q andlcondition
led to a cOnsiderable improvement in the sub-zero tempera-
ture toughness (225). In recent years, there has been an
ever increasing evidence of the presence of inter-iath
retained austenite in conventional steelg (66,226,227).
Infact there are positive indications that the presence
and quantity of inter-lgth austenité,primarily controls
the toughness of as—quenched martensitie low carbon to
medium C steels alloyed with Mo and/or Or(66). Similarly,
in some of %the recent investigations it has been reporited
that austenite retention in conventionally employed 1dw
alloy steels, through modified heat treatment cycles, can
lead %o an:improvement:in'the‘toughness (226). It has
been further reported that low additions of austenite
stabilizers Ni, Mn or Co may facilitate interélath aus-
tenite retention in low carbon { 0.2 pet.) alloy steels(66).
These 'are some of the observations which provide a basis
PTor evaluating whether or not austenitelcanibe retained

in steels presently under investigation,

It has been reported 'that wvery small gdditions of
Mn %o earbon-=free dron dg - very useful in produecing ultra
fine grain sizes by using alternate cycles of cold .defor-
mation and annealing .(228). This has been attributed to

the fendency of (Mn .gtoms “to segregate to the grain
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boundaries (228). In gnother study involving the trans-—
formation behaviour of carbon-free binary Fe-Mn ailoys
containing upto 10 pct. Mn, it has been reported that the
inherently low toughness exhibited by them is perhaps due
to a classical tempernembfittlement type phenomenon gttri=-
buted to the solut%/impurity atom segregation to grain
boundaries (208). Occurrence of solute-segregntion in the
alloys under investigation cannot be ruled out. This being
s0, it is easy to visualize that this phenomenon has a
direct bearing on austenite retention. A solute concen-
tration build-up in the regions ad joining the grain-
boundaries may enrich parent austenite to an extépt that
.austenite ig retained ih the final microstructure, Since
the mgjor alloying species is manganese, there is a strong
possibility that the asustenite retention would berlocalized
to areas'adjoining'the grain boundaries. Therefore, re- )

tention of austenite in alloys Rl and R2 can be justified.

In the light of the above observation the micro=
gtructures of alloys R1 and R2, in the as=-rolled condition,
were re-examined under polarized light after successively
etching with nital and acid-ferric chloride'until an
over~etched surface was obtained. On doing so, it was
observed that the dark jagged regions, representing lath
structure, were bounded by bright etching thin net work
representing retained austenite (Figs. 8.2&¢ and 8&2b ).

Its presence has been further confirmed by X-ray
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dif fractometry. The location of austenite retention is
extremely beneficial from the point of view of both
ambient as well as sub-zero temperature toughness parti-

cularly if it werec to bé stable.

Having thus explaihed austenite retention in alloys
Rl and R2,it is now necessary 1o comment upon (a) the
formation of complex carbide of the type M23 C6 in combi=
‘ nation with retained austenite in alloy Rz,and,(bjabsnnce
of retained austenite and t@e formgtion of M23C6 carbide
in alloys H3, H5, H6 and Rl. It has already been Statud
that the solute atom build-up most likely occurs along
and in the regions adjoining tye grain—boundafies. This
ICan be described as clustering., In an assembly of Mn,
Si, Fe gna C gtoms, the Mn—Q and Fo-C interactions would
be stronger than Mn=Si or Fe~Si interactions (229). In
such a situation, three distinct possibilities arise:
(2) austenite is retained, (b) austenite is rendered un-—
stable and M23C6 precipitates and,(c) partial retention
of gustenite with some formation of M2306' Clustering
of atoms leading td austenite~retention is favoured dby

- the following conditions ¢

i) a large Mn/ferrite stabilizing element ratio,
ii) a high Mn content, and,

iii) faster cooling rate.

Whereas conditions opposite to these i.e. (i) an imbalance
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in the Mn/ferrite stabilizing element ratio or a low
Mn/ferrite stabilizing element ratio, (ii) a lower Mn
content, and (iii) a slower cooling rate,woul@ lead to
its decompogition and subsequent formation of M2306’

Any combination of theée opposing tendencies/conditions
could lead to the partial retention of austenite with
formation of some M2306' This reasoning satisfactorily
explains the formgtion of M2306 in alloys H3, HS, H6, Rl
and R2 (Tables 8.13 to 8.18). A more detailed discussion
of the effect of soaking time and heat-treating tempera-
ture on the extent of the formation of M2306 has not been
pursued since the effect of sogking time at a given
gustenitizing temperpture on the formation of M23CG has
not been investigated in all the alloys, However, on
the basis of the limited infqrmation derived from the
investigations carried out on alloy H3, it can be safely
deduced +that the formation of M2306’ which essentially
%bfms by ciustering, can be reduced to a minimum by

Ki; employing hea t-treating temperature 1000 °C or more,
(ii) avoiding holding in the 850 to 1000°C temp. range
for prolonged periods during any ‘thermal and/or mecha—
nical working schedule, and, (iii) by employing faster
cooling rate. Infact it can be inferred that quenching
extra low carbon MAR steels would be beneficial as a
whole since, (a) it can lead o the formation of a micro-

congtituent such as'austenite,at'the‘deSired location, and,



160

(b) would lead to the elimination of unintended micro-
constituents, such as M23C6, without the danger of deve-

loping any quench/transformation cracking,

The basic reason for carrying out the X~ray studies
was to investigate why the alloys H3, H4 and H6 attained
higher hardness and strength levels than normglly expected.
Surprisingly, structural investigations carried out do not
provide any positive clues  to the likeiy reasons, How-
ever, it is postulated that s stronger Mn~Si interasction
(230) may be responsible for the additional strengthening
in élloy H3, H4 and H6. This being so, a question most
likely to arise is why a strongerMn-~Si interaction is no%
manifested in the alloys H5, Rl, R2 and F. This can be
explained by further postulating that the stronger Mu-Si
interaction would be manifested only if the alloy content
(i.e. either Mn or Si or both) is increased beyond the
threshold composition i.e. beyond the composition at
which ausfegite changes to a' in preference to ayf In the
present invéstigation, the threshold gq@poéiticn has

" been demongtrated to be the base composition Rl (Fe
4Mn=-1.08i or aﬁ equivalent Fe~Mn—Si¥Mo composition).,
This reasoning can most satisfactorily explain the attain-

ment of higher strength in alloys H3, H4 and H6.

8.5 CONCLUDING REMARKS

It is reaffirmed that the;g[glwg;ggggjructurés in

A et ea D ot e . n @ ASis o am
v

« (In a way that the final microstructure is «'.)
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the extra low carbon alloys presently investigated have
3 bec crystal structure. A strong possibility of aus—
tenite retention in the microstructure, in the heat
treated condition, is indicated. Thig would lead to an
improvement in toughness, provided austenite is retained
along and in the regions adJjoining prior-austenite grain
boundaries. Formation of"Mj23 06 is primarily a conse~
quence of clustering of atoms., In view of the compati-
bility of the crystal structure, the presence of Ms 5 06
may not adversely‘éffect toughness unless it forms at
wnfavourable locations. The possibility of the forma-
tion of Mpx C¢ may be reduced to a minimum by 8 proper

selection of thermal and or hot working schedules.

In the agbsence ¢f direct evidence, it is postulated
that additional strengthening in glloys H3, H4 and H6
can be attributed ¢0‘£he'stonger‘MﬂQSi.interacmiansrand
hence 10 5 relgtively higher bond strength. The possibi-
li%y of the formgtion ‘of the metastable dc structure

appears to be an extension of this ‘tendency.



CHAPTER - IX

CONCLUS IONS

The ugefulness of the alternative approéch of
developing new~high1§%rength steels, based on the
utilization Qf extra low-carbon lath structure, is
 amply demonstrated. Although enough has already been
said about the adverse effects associgted with twinned
: martensite as a constituent, a yet another factor which
ig receiving considerablé,attenfion and goes agaihst
its utilization, is the occurrence of microcracks
_‘accompanying the formation of twinned-martensite,

This not only goes against using low to medium carbon
contents for developing steels but slso highlights the
problems that can develop in steels in which tﬁinned~

martensite may form indirectly.

Another factor which is of utmost importance while
.developing steels igs the occurrenée of temper-embrittlement.
This factor has not been discussed since in the present
context Q and T heat—treatment is eliminated,fC' content
of +the base maé&ix is very low and also because the

carbide forming tendency of the major alloying element (Mn)

is moderate.

With this brief introduction, the important con—

clusions arrived at in this study can be summarized
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as follows:

1) Manganese and silicon can be used advantag:ously

'2)

3)

4)

5)

in much larger proportions than hitherto employed

in developing new high strength steels,

From the point of view of attaining lath structure,
it is essential to magintain a proper balance «
‘approx 3:1 ratio of austenite/ferrite stabilizing
elements. This'is also useful in ensuring that

toughness is not adversely affected.

Silicon contents upto l%‘can be safely employed.

At this silicon content, the manganese content

required to produce an air-hardening compogition

is \approximately 4 percent.

Silicon reduces volume changes associated with
thely to & and reverse transformgtions., The
higher the smount of silicon, the greater is the reduc-

tion in volume changes. If steels c¢containing

- high (~2%) silicon contents are to be empioyed,

then the minimum manganse content required to

- produce an air-hardening composition would have

to be stepped up, at least to ensure that possgi-

bility of thelformation'of polygonal ferrite

is eliminated.

The base composition Fe-3.7Mn-1,08i (Composition

'R1) represents the limiting composition for
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producing lath structure over a range of section sizes.

In comb%ngtion with.0.0ZZ%C andf~/0,04%Nb, the compogi=
tion (i.e. R2) can be adjudged to be the best, in terms of
the overall mechamcal properties amongst all the alloys
1nvest1gated With this com9031t10n, PS = 79 MN/ﬁ .
UTS = 950 MN/mz, % elongation 27%, USE in excess of 270J
and a transition temperature of =90°C can be obtained in the

control-rolled condition at least ih 17 mm round section

The attainment of high USE and a low ITT in alloys Rl and
R2 in the control-rolled condition has been attributed to
the presence of (i) very low carbon content snd therefore

a nearly carbide-free matrix (ii) fine grain size,

- (111) retention of austenite (iv) relatively low sulpher

and phosphorus contents, and (v) to the utilization of

Va0 uum meltlng and castlng technlques.

Raising the carbon content of the base composition from

0.022 to 0.055% resulted in an increase in gtrength
without any substantial decrease in ductility, The over-
all toughneés was éléo.reduced. The USE and ITT values
were found to be a function of (i)_Working schedule and
(115 presence or absence of g grain~réfiner. The

former influenced the grain-size and the latter the
tendency to lath boundgry carbide precipitation in addi-~

tion to the grain size.
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8) In a given air-hardening steel compogition, grain
size is the single most importaent factor con-
trolling the oyerall toughnegs of gteels based on
lath structufe. This hasvbeen clearly brought out
while studying the effect of forging schedule on

. the mechanical properties of an air-hardening com=-
position Fe~4 Mn~0.4 Mo-0.S8i~0.074 Nb~0.03C whieh
is basically an extengion of the base compositidtn

Rl and its modified counterpart R2.

9) The hardness and strength levels attained in the
different glloys are mearly the same except for
alloys H3, H4 and H6. The-mechaniﬁms:reapansimme
for gtrengthening are dislocation substructure
contained within laths and solid solwtion harden-
ing, with %hé mg jor contributi0n commng3fm®m-ﬁhe
f@rmer. In the alloys H3, H4 and ‘H6, ﬁhe a&ditmanal
strengthenlng Primarily results from %he stronger

mwnganese giliccon ¢nmeract1®nsm

20) The contrlbutmon of ithe sub-structure o the
strengﬁh is negrly consgtant -and 1ndepen&emt ©of tthe
falldy~cdnwenw;anﬂst'temperaWDreawifh&nﬁaangmpow’
Fsifionzrange;over=WhiQh-wheme:iszno\Qhangerin~mhe
ngture of the ‘transformgtion :product -and transfore

mation dnduced sub-gtructurc.

1) Lath 'and ‘packet .gize 30 ‘not ‘have a ‘direct bearing

con ithe :gbrength :since ithe former iis -a function
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of the transformation temporoture and has been
found to be nearly congtant in differcnt alloy
systems and the latter is not an independent

variable.

In view of the gbove, it can be inferred that
the overall strength would be nearly independqnt
of the grain-size, In the alldys in which grain
refinement has been dne, the contribution of
fine grains to the strength is at best 10%. The
useful strcngth of steels such és the present

ones lies between 800 to 1200 MN/mZ.

In view of (12) above,grain size has the most

- dominant effect on the overall toughness from

amongst the three parameters -~ grain-size,

packet~-size and 1ath width.

Pos31b111ty of formatlon of unintended mlcro—
constltuent M23 06 is 1ndlcqted However, from
the limited evidence avalhible, it appears that

ifs fofmatipn‘is most likely to occurs,predomi~
nantly in the temperaturc range 850 té 100000, on
prolonged holding. This has been gttributed to

the clustering of atoms. Raising the temperature
has been shown to be effective in restricting

the formation of M23 C6. Hence its formation

can be gvoided provided appropriaste thermal/

mechanical working schedules are employed,
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There is limited evidence to suggest that in
alloys containing Mn as the major alloying element,
austenite retention is most likely to occur at/or
in the regions ad joining grain boundaries, This
would 1eaq to an improvement in overall toughness.
Therefore, it is recommended that Mn content of
the air-~hardening composition may be increased

deliberately with the sole purpose of introducing

- agustenite into the microstructure at the right

1

location.

16)

1)

2)

3)

A remote‘possibility is indicated of the formation
of ﬁnconventional structural features e.&., occurence
of a diamond cubic structure (d.c.) in an instance
in alloy H3, in heat-treated MAR steels. This as-
pect needs further investigation béfore any further
deductions could be'made regarding its likely impabf

on properties.

FUTURE _WORK

Assessment of fracture toughness.

A more detailed investigation to gscertain the
nature of the unintended microconstituents, if

any, that nmay form.

Detailed evaluation of the rolling/forging

response.
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TABLE - 4,1

 GHEMICAL ANALYSIS OF THE BASE MATERIALS

\

———— s ot

Element Tow Carbon Iron Eléctrolytic Sponge
| (ppm) .%ggﬁ)
C . 400 20.0
Ni 600 32.0
Mn ' 400 80.0
Si - 500 42.0
AL 500 -
As | | - 3.2
Sb - 0.9
Sn 120 ,5;15
s - 48.0
P 200 7.0
Cu 500 : 14,0
Co 200 80.0
Cr 400 9.0 |
Mo 200 2.6
') 200 3.6
v 200 0.7

Ti - 4.0



183

TABLE - 5.1
CHEMICAL ANALYSIS CF PRELIMINARY ALILOYS

Element Alloy Hl Alloy H2
(wt%) (wt %)
¢ | 0.011 » 0.01
Ni 0.02 2.64
Mn 1.8  0.02
Mo .02 £0.02
B - <0.001 {0.001
Si 1.12 1.23
W '<o.62 {0.,02
v €0.02 - £0.02
Cr €0.02 {0.02
Nb - {0.02 (0,02
Ti €0.02 0,02
Co {0.02 £{0,02
Al {0.005 - {0,005

Cu {0,02 £0.02
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TABLE - 5.5
CHEMICAL ANALYSIS OF 0.03 C ALLOYS
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Alloy H4

Element Alloy H3 Alloy H5 Alloy H6
(wt %) (wt %) (wt %) (wt %)

C 0,033 0.033% 0.0% 0.031

Mn 5.06 3.9 2.61 4.7

Si 1.5 2.6 0.96 2.41
Mo {0.02 {0.02 £0.02 0.02
Ni 0.10 0.09 0.12 0.09
B <0.001 <0.001 <0.001 <0.001
£0.02 {0.02 {0.02 £0.02
v 0,02 0.02 <0.02 {0.02
Cr 0.12 0.09 0.11 0.08
Nb {0.02 £0.02 0.02 {0.02
Ti 0,02 {0.02 {0.02 £0.02
Co {0.02 {0.02 {0.02 £0.02
Al €0.09 {0.080 {0.07 £0,062
Cu {0.09 {0.70 {0.09 {0.08
) <0.,02 {0.02 {0.02 {0,02
P {0.02 0.02 {0.02 £0.02
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TABLE - 5.7

EFFECT OF HEAT TREATMENT ON THE HARDNESS
“AND_MICROSTRUC TURE_IN ALLOY H-3

S, Heat Treatment Hardness - Microstructure
No. : | (HVBO) |
1. 1100°C - FC 317 Lath-like
2. 1100°C - cC 338 I P
3.  1000°C - FC 325 | ——do=-
4. 1100°C - wq 352 ——do—=
5. 1000°C - wQ 260 . —domm
6. 900°C - wQ 366 . —=do--
7. 800°C - wq 366 ~~do-=
8, 1100°C - a¢ 354 —d Q=
9. 1000°C ~ AC 363 R, Py
10. 900°C -~ AC 362 ~=d 0=
11. 800°C -~ AC 364 --do--

12. Hot swaged from
1200°C and
air-cooled 358 —] Q-
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EFFECT OF HEAT TREATNENT ON_THE HARDNESS
" AND MICROSTRUCTURE IN ALIOY H-4

S, - Heat Treatment Hardness Microstructure
No. (HV.n)
- 30
1. 1100°C - FC 305 Lath=like and
. ' Polygonal Ferrite
2. 1100°¢ - cc 334 Lath-like
3. 1000°C - FC. - -
4. 1100°¢ - WQ 362 Lath-like
5.  1000°C - WQ 370 Sy
6. 900°C - wQ 360 —ed Q=
7. 800°C - WQ 310 -~do--
8, 1100°C - ¢ 357 S P
9. 11000°C - 1C 260 —=do=-
10. 900°C: ~ AC 358  ==do=-
11. 800°C ~ AC 305 ~~d o=
12. Hot swaged from
1100°C and

air-cooled 358 -~do~--
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TABLE = 5.9

EFFECT OF HEAT-TREATMENT ON THE HARDNESS
AND_MICROSTRUCTURS IN ALLOY F-5

Heat Treatment Hardness Microstrue ture

S,
- No. (Hﬂéo)
1, 1100°C - FC 158 Mostly Bolygonal
- TFerrite + some
Lath structure
2. 1100°%C -~ c¢c 175 S, o
4. 1000°C - TFC 165 ——dQmm
4. 1100°C - wq 318 Lath-like
5. 1000°C - WQ 320 ~do--
6. 900°C - WQ 300 ——do=
7. 1100°C - ¢ 220 Massive Ferrite
' ‘ tending to be
| Lath-like .
8. 1000°C - AC 218 Massive Ferrite
9. 900°% - aC 206 S P
10. Hot-swaged fronm |

1100°C, air cooled
and partially
cold~-swaged 307 ~=q Q==




TABLE -~ 5.10
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EFFECT OF HEAT-TREATMENT ON THE HARDNESS

AND MICROSTRUCTURE IN ALIOY H-6

S. Heat Treatment Hardness Microstructure
No. (HV..)
20
1. 1100°¢ -~ FC 318 Lath-like
0. 1100°C - ¢C 340 ] Qoeem
3. lOOOOC - ¥C . 395, . .
4. 1100°C - WQ 363 S P
5. 1000°C - WQ 362 —g—
6. 900°C =~ WQ 367 ——d g=-
7. 800°C - WQ 308 g O
8. 1100°¢ - AC 360 med g
9.  1000°C - AC 363 ~md O
10. 900°C - AC 367 -—dom-
11. 800°C - AC 328 e e
12, Hot swaged from
1100°C and
air-cooled 367 o] O emem
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TABLE = 5.15

VARIATION OF TOUGHNESS WITH TEMPERTURE

197

(Treatment : 1000°C WQ.)
%té§§~ Temperature Energy Absorbed REMARKS
ngtion ¢ fTt-1bs. »Joules.J
150 13.5 18,2 Unbroken
100 14.8 20.0 Unibroken
H3 Room Temp. 13,25 17.9 Unbquen
0 9.5 12.8 Unbroken
- 25 4.90 el Broken
- 50 3.0 4,00 Broken
- 70 - - -
150 11.0 14.85 Unbroken
100 11.4 15. 40 Unbroken
H, Room Temp. 3,0 4,05 Broken
-0 | 2.8 5.78 Broken
- 25 2.5 2.7 Broken
- 50 1,25 1.7 Broken
- 70 - - -

¥ Sub- AW CW}:\/.

Table 5.1% Contd.



Table 5.15 Contd,
" 150
100
Room Temp.
-0
- 25

D G D W e . ST S s B Tt D S S DD s Wi WS G P e S,

H6 : Room Temp,

0
- 25
- 50
~ 70

17.6

198

Unbroken

13.0 17.6 Unbroken

11.0 14,85 " Unbroken

10.3 13,9 Unbroken
9.5 12.8 Broken

13,8 18,65 Unbroken

15,0 20.3 Unbroken
8.25 11,15 Broken
3.25 4.4 Broken
2.5 3.4 Broken
2.7 Broken
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TABLE =~ 6,2
EFFECT OF COOLING RATE ON HARDNESS

AND MICROSTRUC TURE

Alloy Treatment Hardness Microstructure
g | (HV30)
R1 1200°C - WQ 278 Lath-like
1200°C - A0 240 -do-
1200°C - FC 190 Massive Ferrite
840°C - wQ 328 Lath-like
840°C - AC 240 ~do=
840° - FC 236 ~d 0=
990°C - 4C 245  +  ~-do-
B2 1200°C - wQ 305  Iath-like
1200°C - A0 . 242 Lath-like
- 1200°C - FC 237 -do--
1000°¢ - Wq 293 ~d0=
1000°C - AC 250 - ~do-
1000°C - FC 240 ~d-o—
840°C - WQ %05 ~do~
8400C = AC 238 ~do-

840°C - FC 240 -3 0m
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TABLE -~ 6.4
VARIATION OF IMPACT STRENGTH WITH TEMPERATURE

Alloy  Speci- Tempera®*  Energy Absorbed

Jesig- men No. ture Standards Charpy REMARKS
nation C ft-1bs. Joules
R 1 1 ROI.C 201 271 Spcinen
Unbraoken
2 -25 181 24% —do=
3 - =50 - 163 220 —~do~—
4 ~T0 34 4§ Broken
5 =100 15 19.3 ~doa
R 2 1 R. T, 206 278 Snecinen
o : ‘ ) Unbrokon
2 =25 204 275 ~do~
3 =50 | 191 25@ 3 Onr-
4 =70 167 225 ~do-
5 =100 28 38 "Broken
6 4195 3 4 ~d0=
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TABLE - 6,6

VARIATION OF IMPACT STRENGTH WITH TEMPERATURE
(As rolled ~ 17 mm Round)

Alloy Specimen Tempera~ . Energy Absorbed

Desit- No. . ture, Standgrd Charpy  DEMARKS
nation C ft-1bs, Joules
R3 1 R.T. 140 189 Specimen
= Undbroken
2 . =10 120 162  ~do-
3 ~20 42 56 Specimen
‘ Broken ' =
4 . =30 4T .. 63 ~do-
R 4 1 R.T. 125 169  Specimen
: ' Undbroken
2 =10 90 121 ~da=
3 ’ -20 50 67  Soecimen
- Broken
4 ~30 52 70 ~do-
=40 17 .23 ~d o=

6 - —60 6 8 ~do-
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TABLE - 6,7

EFFECT OF HEAT TREATMENT ON_HARDNESS
AND MICROSTRUC TURE OF ALIOY F

Ae, () - 730 CC
1 s . ‘0
Ac3 (Af) - 830 “C

M ~  450°C
Mg - 300 °c
Heat Treatment ' :‘Hardneés _ Microstructure -
(HV3O) | »
1200% - WQ 305 Lath~like
1200°C - AC 268 -do=
1200°C - FC 250 ~d0m
950°C -~ WQ 310 ~do-
950°C - AC _270 ~d0=
950°C - FC 250
850°C - WQ 515 | ~do-
850°C ~ AC -
850°C - FC -
1150°C - Hot
Forged™ 285 -do-

* From 115 mm square to about 31 mm Round with
intermediate reheating
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MECHANIC AL PROPERTIES OF ALLOYS INVESTIGATED

Thermal/

MEC HANIC AL - PROPERTLES
Degig- Composition 0.2% PS UTs %Elonga- Mechanical
ration e w/m®  bion Treatment
MN/m .
H3 Fe~5Mn-1,55i - 976.5 - 1100°C FC
1077.2 1147.0 25 900°C WQ
1069.5 1147.0 23 800°C AC
H4  Fe~3, 9Mn~2, 65i - 11023.0 ~ 1100°¢,CC
| .
1085 1162,5 21 1000°C WQ
1023 1160.0 25 900°%c ac
H5 TFee2,6Mn~1,08i 806 899.0 26 900°C WQ
930 990.0 18 1000°C WQ
- 496.0 - 1100°C FC
H6  Pe-4.TMn-2.351 -  992,0 ~  11100° FC
'1069.5 1162.5 27 1000°C AC
- 1007,5 - 800°C AC
Rl Fe-3.TMn-1.081 793.0 916.3- 225 Control Rolled
R2 ~ Fe-3.7TMn=-1.,05i 780.0  900.5 275  Control Rolled
-0,042 Nb ‘
F Fe-4Mn-0,48i-4 790.0  900,5 20 Control Forged

Mo+-0,03C~0,074Nb

et D A e 1 S bl bl ot £ 4 VA il 8. 8 o dd s e Bl A
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CLASSIFICATION OF THE ALLOYS CURRENTLY INVESTIGATED

. bt ~

~ _TRANSFORMATION TEMP,

Min Hardnoss

Alloy Designation AY3/Ms AYl/Mf -
O O 30
H 3 -Over-Alloyed 404 345 517
H'4 Over-Alloyed' 438 390 308
H 5 Under-Alloyed 690 635 158
H 6 Over —-Alloyed 415 350 318
Rl Correctly Alloyed 475 380 240
R2 Correctly Alloyed 470 372 ~240
P Correctly Alloyed 460 350  Av250
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BFFECT OF INCREASING MANGANESE CONTENT ON THE MINIMUM
HARDNESS OF Pe-1% 51 ALLOYS®

Desigaation Alloy Composition** Minimum Thermal/
' Hardness Mechanical
HV30 Treatment
H1 Fe-=1.8 Mn - 1.2S5i 118 1100°Cc TC
H5 Fe-2.6 Mn -~ 1,08i 158 1100°C FC
R1L Fe-3,7 Mn - 1.0Si 240 1100°C FC
H3 Fe~5 Mn - 1.58i 317 1100°C FC

* . .
Present Investigation

** In Weight Percent.

TABLE~T.4 (B)
SOLID SOLUTION STRENGTHENING CONTRIBUTION

OF DITFFERENT BLEMENTS

Element Change in Y.S,/P.S. For
1 Wt.% Addition
MY /m?
¢, N, | + 4340.0
P + 852.5
Sn + 133.3
Si + 83.7.
Cy +  38.75
Mn +  32.55
Mo + 10,95
Ni | 0

OI' - 31.0

After Irvine and Pickering Ref., 218,
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Lattice Parameter: 2.861 A°

TABLE-8.1
~ X-RAY POWDZIR PHOTOGRAPH OF ALIQY. H3
Treatment 850°C wQ.
Radigtion ;s Filtered TFe-Ka .
S1 2 s 2 . o
§i: noobs. Sin eCa,l. Iobs. bl a4 }
1. 0.2327 0.2282 8 (110) 2.839
2. 0.4599 0.4564 m (200)  2.855
3. 0.6864 0.6846 s (211) 2,863
4. 0.9135 0.9128 ms (220) 2.865
Structure : a! (bee)
Lattice Parameter: 2.867 A°
| TABLE=8,2
X=RAY POWDER PHOTOGRAPH OF ALLOY H3
. Treatment 1000°C WQ.
Radiation s Filtered Fe~Ka
L2 ’ s o2 O
1\% | Sin &0 1. Sin ®eal. Tops: hk1l a(a”)
1, 0.2352  0.2292 s (110)  2.824
2e 0,46%6 0.458% ng (200) 2,850
4. 0.9179 0.9166 m (220) 2.859
| Structure : o' (bee)
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IABLE-8.3
X-RAY POWDER PHOTOGRAPH OF ALLOY H4
Treatment : 900°C WwQ.
Radiation ¢ Filtered Fe%Ka
s . 2 , 0y
S%, 51n.eobs. SJJlecal. Iops. hkl a(A”)
1. 0.2338  0,2249 S (;}o) 2.832
2. 0.4627  0.449 m (200) 2.847
3.  0.68%32 0.6747 s (211) 2.869
4, 0.9121 0.8996 ms (220) 2.887
Structure : o' (bee)
Lattice Parameter 2.888 AP
TABLE-8. 4
X-RAY POWDER PHOTOGRAPH OF ALLOY HA4
Treatment . 1000°C  wq.
Rodiation : Filtered Fe%Ka
2 s 2 oy
§g, Sin.ecbs. Sln'ecal. Iops. hkl a(A”)
1. 0.2313 0.2290 S (110) 2.848
2. 0.4619 0.4580 m (200)  2.855
3. 0.6897 0.6870 s (211)  2.857
4, 0.9156 0.9160 ms (220) 2.862
Structure : a' (bee)

Lattice Parameter: 2.862 A°



TABLE-8,5

X=-RAY POWDER PHOTOGRAPH OF ALLOY H5
Treatment s 900°C wQ.

Radiation : Filtered Fe-Ka

215

Sl.

- 2 . 04
5, Sin‘ep,  Sin%e I . hkD a(4°)
1. 0.2386 0.2280 S (110) 2.804
2. 0.4608 0. 4560 mg  (200) 2,853
3. 0.,7042 0.5841" s (211) 2.826
4, 0.9121 0.8920 s . (220) 2,868
Structure : o' (bee)
Lattice Parameter: 2.868 A°
TABLE-8.6
X~-RAY POWDER PHOTOGRAPH OF ALLOY H5
Treatment s 1000°C  WQ.
Radiation :  Filtered Fe%Ka
5 > e
§%’ Sin eobs. Sin'ecal. Iobs. bkl a(a’)
1. 0.2350 0.2278 s (110) 2.825
2. 0,4634 0. 4557 ms (200) 2.845
3. 0.6908 0.6836 . s (211) 2.854
4., 0,9121 0,9115. ms (220) 2.868
Structure s ' (bee)

Lattice Parameter 2.869 I



TABLE=8,7
X~RAY POWDER PHOTOGRAPH OF ALLOY H6
Treatment 900°C  WQ.
Radiation Filtered FeéKa.
T ) . ' ox
gi: Sine, , slr%cal I, ! a(4°)
1.  0.2307 0.2268 s (110)  2.852
2. 0.44% 0.4536 m (200)  2.890
3. Q.674% 0.6804 s (211) 2,888
4. 0.9070 0.9072 m (220)  2.875
Structure a' (bee)
Lattice Parameter 2,876 A°
TABLE-8,8
X-RAY POWDER PHOTOGRAPH OF ALLOY F
Treatment 900°C  WQ.
Radiation Filtered Fe%Ka
s1. Sin%e Sine I rikl a(a°)
No' "“obs. cal. obs.
1, 0.2343 0.2269. S (110) 2,828
2. 0.4495 0.4538 ms (200) 2.888
3. 0.6860 0.6807 S (211) 2.864
4, 0.,9096 0.9077 ms (220) 2.872
Structure ¢ a' (bee)
Lattice Parameter 2,875 A°



TABLE-8.9

X{-RAY POWDER PHOTOGRAPH OF ALIOY F

Tregtment :  1000°C
Radigtion : Filtered FeéKa

W.Q.

217

2 ‘ 7,0

gé‘ Sin%&obs. Sin'ecal. Iobs. hil a(8”)

1. 0.23%21 0.2274 5 (110)  2.843

2. 0,4616 0.4548 m (200) 2.851

3. 0.6864 0.6822 s - (211) 2.850

4, 0.9108 0.9096 ms (220) 2.870
Structure + a' (bee)

Lattice Parameter :

2.872 A°
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Lattice Parameter :

TABLE~8.10
X~RAY POWDER _PHOTOGRAPH OF ALLOY R1
Treatmen t 900%  WwQ.

Radigtion Filtered Fe-Ka
e 2 2 . oy
gg: S4n 9obs. Sin ecal. Iobs. hkl a(a )
1. 0.2153 0.2129 VW (111)Y 3,615
2.  0.2252  0.2239 s (110),, 2.886
3. 0.285% 0.2839 VW (200)Y 3,626
4. 10.4439 0.4479 ms (2oo)a. - 2.906
5. 0.5668 0.5678 VW (220)Y 3.639
6. 0.6718 0.6718 ms (211),+ 2.893
7. 0.7853 0.7807 W (311)Y 3.624
8. 0.8520  0.8517 W (222)Y 3.634
9.  0.8998  0,8958 s (220) ,, 2.889
Structure : a'(bee)+ y{(£fcc)

a' = 2.894 A°

= %.635 A°
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TABLE-8,11

X-RAY POWDER PHOTOGRAPH OF ALLOY Rl

Treatment : 1000°C Wq.

Radiation ¢ Filtered FeéKa
é;;?eobs. Siﬁ§gcal. Iopg, (HED) a(4°)
0.2136 0.2122. vw - (111), 3,629
0.2236 0.2236 8 (110), .+ 2.896
0.2821 0.2830 vy (200)Y 3,647
0.4454 0.4472 m (200) ,,. 2,901
0.5565 0.5660 VW (220)Y 3,642
0, 6710 0.6709 ms (211),,  2.896
0.7899 0,7782 YV (311)Y 3.614
0.8568 0.8490 vw (222)Y - 3.624
0.8992 0.8946 ms (220) ,  2.886
Structure : a' (bec) + Retained
| Austenite(fcc)
Lattice Parameter : cci,a =.- 2.896 A°

Y ,a = 3.641 A°
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TABLE-8,12

X-RAY POWDER PHOTOGRAPH OF ALIOY R2

900°C  WQ.
Filtered Fe4Ka

Treatment
Radigtion 2

f 2 ) o

ﬁi,. Sin Oops, Sin ecal‘ Tobs. hK1 a (A°)
1. 0.2175 0.2155 W (111)Y 3.596

2. 0.2325 0.2272 S (110)a. 2.841

3. 0.2887 0.2874 YW , (200)Y 3.604

4. 0.4564 0.4544 ms (2oo)a. 2.867

5.  0.5765 0.5748 v (220), 3,607

6. 0.683%2 0.6816 m (211)a. 2.869

7. 0,7912 0.7903 VW (311)Y 3,611

8, - - - - -

9. 0,9096 0.9088 S (220)a' 2,872
Structure : a' (bee) + Retained Austenite(fcc)
Lattice Parameter : Aa3 a = 2,873 A°

Y' a = 3,613 A°



TABLE~8.13%

X~-RAY POWDER PHOTOGRAPH OF ALLOY R2

221

Treatment s 1000°%C  wQ
Radigtion s Filtered FeéKa
51, Sin’e Sin%e ., T (hK1) a(A%)
No‘ obs. cal. obs.
1. 0.,1421 0.1418 A (330)M -
2. 0,18372 0.1891 v (422)M -
3., 0.2058 0.2049 vw (510)y -
4. 0.2143 0.2128%! v [(511),(333)],.
- 0.2147*! (111), .
6. 0.2252 0.2244 s (110) 2.886
6. 0.2872 0.2837* vm  [(600)(422)], -
0.2863%% (200),Y
7. 0.4451 0.4488 s (200) 2,902
8. 046672 0.6732 s (le)a, 2.904
9. 0.9065 0.8976 s (220) . 2.887
. *Based on M,,C¢
M = M C * % . .
2% 76 Based on Retained Austenite
Structure s at (bee) + vy (fee)
+ M23 Cg (sc) |
Lottice Parameter : g, o' = 2.891 A°
M,Lc,a = 10.91 4°



TABLE - 8.14

X-RAY POWDER PHOTOGRAPH OF ALLOY H3*

222

Treatment : 1 h 900°C wQ
Radiation ¢ Filtered Fe = K,
S1. Sin%e , . Sine T a (&)
No. obsa cal. obs. ,
1. o;'1163 0.1162 VW (321)y -
2. 0.1482 0.1494 vw  (411)(330)y -
3. O '.'1993 0.1992 vw (422 )M -
4, _Q___g__z_g__'z 05'2258 s (110),, 2.903
5., O’.'28950\ o-.'29oI5 - (531), -
6. 0.43983 0.39,&‘_}4' vw  (444), -
7. 0,452 0.4516 ms  (200),, 2,879
8.,'_ _Q_;QZQ_G, | 0;683.11 § (211),, 2.883
9. _9,:_9_9_41 0,903%2 s (220),, 2.880
- M>3C |
Structure a'(beec) + M2306 (sc)

Lattice Parameter

Similar pattern obtained by a heat—treatment

For o', a =

M, g

comprising of 1/2 h at =-50°C « WQ.

2,882 A°
a = 10.6%0 a°
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X—-RAY POWDER PHOTOGRAPH OF ALLOY H3

Treatment ~ : 2 h 850°C WwqQ.
Radigtion + Filtered FeéKa

ﬁ%: 81n230bs SinzeCal. Tops, ,hkl a(A°)

1.  0.1345 0.1350 (400),, ~

2.  0.1710 0.1688 (420)y -

3. 0.,2205 0.2292 (110),, 2,916

4. 0.2461 0.2448 | (520 _

- | (432)y
5. 0.,3125 0.3123 © (510)y -

6. 0.4202  0.4220 (710
| (550 )y -

(543)y

7. 0.4725 | 0.4583 (200) , 2.818

8.,  0.5712 0.5739 (820)y -

9.  0.6197 0.6161 (830)y -
10.  0.6977 0.6875 (211),,  2.839
11, 0.9176 - 0.9166 - (220),, = 2.859

M= Mys Cg
Structure : a'(bgc)+ M2306(sc)
Lattice Parameter : «', a = 2.861 4°



TABLE-8.16
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- X=RAY POWDER PHOTOGRAPH OF ALLOY HS

Trestment 2 h at 900°C WQ.
Radiation Filtered Fe%Ka
S1.  Sin Sine I L a(a°)
No: obs. cal obs.
1. 0.1552 0.1534 (411 -
2. 0.2059 0.2049 (422)y -
3. 0.2332 0.2288 8 (110),, 2.836
4. 0.2993 0.2982 (531)y -
5. 0.4065 0.4089 (444)y -
6. 0. 4608, 0.4578 ms (200) ,, 2.853
7. 0.5569 0.5538 (810)y -
8. 0.6076 0.6134 (822)M -
9.  0.68% 0.6865 s (211),, 2.857
10, 0.9165 0.9154 s (220) ,, 2.860
M My3 Cg |
Structure : a'(bcc)+M23@6(sc)

Lgttice Parameter

: a',a= 2.863 A°
o)
1\'12306,8, =10.,492 A



TABLE-8,18

X-RAY POWDER PHOTOGRAPH OF ALLOY R1

226

Treatment 2 h at 900°C WQ.
Radiation Filtered Fe~Ka
51 Sine Sine I - (nK1) a (4°)
No: obs. cal, obs.
1. 0.1506 0.1505 (411)(330), -
2. 0.2066 0.2087 (500)y -
3. 0,2166 0.,2171 25103£431)M _
111
4.  0.2325 0.2280 (110) 2,838
5. 0.3232 0.3173 (611)(532), -
6.  0.3756 0.3757 (630)(542)y -
7. 0.4287 0.,4259 (121)(551) -
8. 0,4616 0.4560 (200) 4 2.851
9.  0.6871_ .6840 (211),, 2.862
10. 0,9124 . 9120 (220) 2.867
Structure

Lattice Parameter

a'(bcc)+M23C6 ( sc)
«', a= 2.868 a°
M,5Ce, a = 10,598 A°



227

TABLE-8,19

X-RAY POWDER PHOTOGRAPH OF ALIOY H3

Treatment 2 90000 wQ.

Radiation 3 Filtered FeéKa
S1. Sine Sin°e I (nK1) a(A9)
No. obs. cal, obs.
1.  0.1076 0.09490 S (111) 5.114
2. 0.2705 0. 2530 WS (220) 5.266
3. 0.3631 0.3479 s (311) 5.3%1
4y 0.5186 0,5061 W (400) - 5,379
5. 0.6125 0, 6010 W (331) 5.%93
6. 0,7638 0.7591 m (422) 5.429
7. 0.8576 0.8540 wm (333) 5.434
Structure : Digmond Cubic

Lattice Parameter : 5.445  A°
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H-1 AND H-2
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Pig. 5.15 (b)

Alloy HS, 900°C  AC

Massive Ferrite 400 X

fig, 5,16
' ‘Alloy H5 1100°C ccC

Mgssive Ferrite + Lath -

s tructure 400 X
Fig. 5.17 (a) ‘
| Alloy H6 g 1100°C  WwQ.

Lath structure
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Alloy F 3 Control Forged . «
Fine-grained
Lath~structure ' 100 x

Alloy F ; Forged with intermediate rcheating
Fincer grained |
Lath-structure .: 100 x

Representative structure of Alloy F,in
the forged condition,at high magnification.
Lath-structure 1000 x
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